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1. Introduction Equation Section 1 

Irradiation is known to deteriorate mechanical properties of materials, either modifying the out-of-

reactor effects (e.g. creep or phase decomposition), or leading to completely new phenomena 

(irradiation swelling, low-temperature embrittlement). The change of material behaviour under 

irradiation is related to a type of defect microstructure evolution, that would not occur in the 

absence of irradiation. The understanding of these mechanisms is important to prevent undesirable 

consequences of irradiation on the reliability of structural materials. 

This review is restricted to irradiation creep. Creep in general means irreversible long-term 

deformation of a material subject to the action of external loads. Due to its irreversibility, this effect 

has some resemblance to plastic deformation, but it is a different phenomenon because it takes place 

at loads below the yield stress of the studied material. In metals, creep is observed at high 

temperatures even in the absence of irradiation (this is often referred to as thermal creep). The rate 

of thermal creep sharply falls with temperature decrease and at low temperatures (below 

approximately half the melting temperature of the material, Tm), the thermal creep is usually 

negligible for practical applications of nuclear reactor structural materials. Irradiation, however, 

pronouncedly accelerates creep in the low temperature range where thermal creep is negligible. The 

irradiation induced strain rate can reach 10 %/hour at applied loads of hundreds of MPa, being 

orders of magnitude higher than that of thermal creep. The functional dependence of the irradiation 

creep rate on experimental and material parameters (test time, temperature, load level, material 

composition) sharply changes as well. For example, the scaling of creep rate with the value of 

applied stress and test temperature is completely different under irradiation and without it [1]. 

Moreover, the steady-state irradiation creep rates in different materials are very similar, whereas the 

thermal creep rates of the same materials can differ by many orders of magnitude [2]. The material 

pre-processing can completely differently affect the irradiation and thermal creep; e.g. preliminary 

aging of a material results in the suppression of thermal creep and the acceleration of irradiation 

creep [3]. All these observations point to an inherently different origin and mechanisms for 

irradiation and thermal creep, despite the similarity of the macroscopic effects. 

Irradiation changes the microstructural mechanisms involved in material deformation so 

significantly, that irradiation creep should be considered as an independent physical phenomenon, 

rather than a simple acceleration of thermal creep by irradiation. Interestingly, the essential 

difference between irradiation and thermal creep was realized early in the irradiation creep 

investigations (see e.g. [4]), which started in the early sixties of the last century, when in-reactor 
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deformation of fuel pins became a serious technological problem. A typical map of deformation 

mechanisms as a function of irradiation temperature and applied load is shown in Fig. 1.1. 

 

Fig. 1.1 Notional deformation map for a bcc metal under stress in a fast-breeder reactor. Irradiation 

creep gives way to thermal creep at about one-half the absolute melting point.  - shear 

stress; G - shear modulus; T - absolute temperature; Tm - melting point. Contours enclose 

dominant creep mechanisms. ABCD = boundary between irradiation creep (shaded) and 

various mechanisms of "thermal" creep. According to [5]. 

 

The first experimental results [6-10] gave contradictory information on the existence and the 

magnitude of irradiation creep. However, already by the beginning of the 1970s, when sufficient 

data for high irradiation doses in fast reactors (~10
21

 -10
22

 n/cm
2
) had been accumulated, it became 

evident that the creep acceleration under irradiation is a universal phenomenon inherent to a wide 

class of nuclear materials, including steels, nickel-based and zirconium-based alloys. Further 

investigations expanded the range of investigated materials to ferritic-martensitic steels, to various 

pure metals (see Table 1.1) and ‘pure’ metallic alloys (e.g. V-Fe-Ti [11-13], Ni-Al [14], Cu-W 

[15,16]), as well as some non-metallic materials (graphite, SiC). 

Irradiation creep was intensively studied in the 1970s and 1980es, as can be noticed in Fig. 1.2. 

These studies have largely clarified the creep behaviour of structural and functional materials in 

typical rector operation environments and suggested ways to circumvent the most unpleasant 

consequences of it in stressed metallic components of reactor core (such as fuel pin claddings and 

wrappers). In parallel, the basic microscopic mechanisms of irradiation creep were studied 

intensively. 
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Table 1.1 Pure metals, where irradiation creep was investigated. 

Material References 

Aluminum (Al) [17-26] 

Beryllium (Be) [27] 

Copper (Cu) [28-33] 

Iron (Fe) [34] 

Molybdenum (Mo) [10,35-37] 

Nickel (Ni) [8,10,27,31,35,38-66] 

Niobium (Nb) [27,67,68] 

Platinum (Pt) [27,31] 

Silver (Ag) [31] 

Titanium (Ti) [10,50,69,70] 

Tungsten (W) [27,71] 

Vanadium (V) [72,73] 

Zirconium (Zr) [34,69,74-78] 

 

By the end of the 1980s irradiation creep became "predictable", even if not fully understood. 

Reactor developers got at least a "qualitatively feeling" of what one should expect in relevant 

operation conditions. Accompanied by the general decrease of public interest to nuclear power and 

the corresponding funding decline at the end of the 1980, this fact led to a considerable decrease of 

experimental research in the field of irradiation creep, starting from the mid-1990s. At this time, 

experiments were oriented either towards new materials (in particular - ferritic-martensitic steels 

[79-86], including oxide-dispersion strengthened (ODS) ones [87-93]) that raised in importance in 

nuclear power industry, or on the better understanding of the topics that remained unclear from the 

basic point of view (first of all – the correlation between irradiation creep and swelling [94-99]). 

Theoretical studies in the last two decades were extremely rare.  

 

Fig.1.2. Publication activity on irradiation creep 
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Due to the noticeable decline in research activity, the general picture of the irradiation creep 

phenomenon remains far from complete, despite the large amount of already accumulated 

experimental data. Because the creep tests are primarily carried out in fast reactors, where the 

acquisition of experimental points requires significant time of irradiation (months and years) and 

expensive equipment, the studies of irradiation creep are predominantly application-relevant and 

thus the largest amount of data is accumulated for austenitic stainless steels, that is the most 

complicated system for physical interpretation (so, in this review data on these steels will 

unavoidably be the main reference). In order to better understand the basic features of irradiation 

creep in metals, more investigations in better controlled conditions and on simpler systems (such as 

pure metals) are required. Experiments of this type are possible with the help of charged particle 

accelerators and high-voltage electronic microscopes (HVEM). The damage creation rates in these 

facilities are usually higher than in reactors (sometimes even several orders of magnitude higher, 

e.g. in 1 MV electron microscopes) and it is possible to monitor experimental parameters 

(deformation, loading, temperature and intensity of irradiation) with high accuracy. The 

radioactivity of irradiated samples is very low and the microstructure development can be quickly 

analyzed. Though simulation experiment results cannot be directly extrapolated to in-reactor 

material behaviour, they are very useful for the elucidation of the basic mechanisms of irradiation 

creep. 

Though simpler than other radiation-induced effects, irradiation creep remains a complex and 

ambiguous phenomenon, sensitive to many parameters of irradiation and material. Comparison of 

results for various experimental conditions and techniques, as well as extrapolation of results over 

wide ranges of material loading and irradiation parameters, can be reliably carried out only 

provided the physical mechanisms underlying irradiation creep are clear. Although the first 

theoretical models of irradiation creep were proposed soon after detection of this effect (see reviews 

[100-102]), an unequivocal theoretical description is not yet achieved. The currently widespread 

models have their areas of applicability and are not universal for all experimental conditions. 

This review presents a systematic overview of the basic features and underlying physical 

mechanisms of irradiation creep. In section 2 the basic experimental laws describing irradiation 

creep are presented and related to the kinetics of defect microstructure responsible for the long-term 

straining of simultaneously loaded and irradiated metals. Section 3 summarizes the current models 

for the material microstructure development resulting at the macroscopic level in irradiation creep.  
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2. The laws of irradiation creep  

Irradiation creep is, as already said, the irreversible deformation of irradiated materials under the 

action of applied subyield loads. However, creep is not the only mode of strain accumulation in 

irradiated materials. For instance, the whole volume of the material often increases under irradiation 

(the effect is called swelling) and it is usually desirable to separate the effects of swelling and creep. 

The common way to do so is to describe the isotropic volume change of the material as swelling 

and the volume-conserving part of strain as creep. It should be kept in mind, however, that this 

division is no more than a formal agreement, because the mechanisms leading to both kinds of 

deformation are strongly interrelated at the microstructural level and cannot be separated easily into 

those causing swelling and those causing creep. The application of loads to a material is known to 

affect swelling and the changes in swelling would definitely keep the material shape unchanged 

only provided the material has cubic lattice, the applied loads are hydrostatic and the essential 

microstructural features causing strain are isotropic. Non-hydrostatic stresses and non-isotropic 

dislocation distributions can cause swelling-induced shape modification even in cubic lattice 

materials [103]. In non-cubic (e.g. hcp) materials, shape modifications can take place under 

irradiation even without external loading; the effect is referred to as radiation growth. For this 

reason, the volume-conserving deformation is usually additionally separated into two parts, namely 

radiation growth and irradiation creep. As a consequence, any material deformation that is not due 

to the effect of applied stresses is not classified as creep. The evident consequence is that in an 

unloaded material the irradiation creep vanishes by definition. 

The second circumstance that should be taken into account when dealing with irradiation creep is 

that, as already mentioned, creep can occur in metals even in the absence of irradiation. It has 

thermofluctuative nature and is usually quite pronounced at temperatures exceeding approximately 

half of the material melting temperature, Tm. Irradiation creates in the material microscopic damage 

that can additionally contribute to the matter transfer even at those temperatures, where thermal 

creep is negligible. Hence, it is a common practice to further separate the creep strain into 

irradiation-free (thermal) and irradiation-induced contributions. 

It is experimentally established that creep in crystalline metals is a macroscopic manifestation of the 

defect microstructure rearrangement under the effect of external loading. Most often, the shape 

change of material is related to dislocation system evolution (see e.g. [104,105]). The mechanisms 

not involving dislocation kinetics are more rare but still possible and can be of importance in e.g. 

ultra-fine grained materials (with the grain size < 0.1 m, e.g. [15,16]) or at super-high levels of 
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plastic deformation. In these cases the strain is governed by grain boundary kinetics, involving such 

effects as grain boundary sliding, point defect diffusion directly between grain boundaries 

[106,107], or dislocation annihilation in low-angle boundaries [108,109]. However, in the majority 

of application-relevant materials, where the average grain size is well above 1 m, the contribution 

of grain boundaries to creep is of secondary importance. Hence, in the discussion below the known 

parametric scaling of irradiation creep (on radiation fluence and flux, external load, irradiation 

temperature, etc.) are correlated to the dislocation system kinetics and to possible effects from other 

microscopic defects, such as secondary phase precipitates, voids, gas bubbles, etc. [110, 111].  

2.1 Dose dependence of irradiation creep 

First of all, let us consider the dependence of irradiation creep strain on the irradiation dose, which 

is the product of irradiation time by irradiation intensity. The latter is usually measured either in 

terms of the total number of particles penetrating the sample through a unit surface per unit time 

(irradiation flux, ), or in terms of the average number of times (per unit time) a material atom is 

displaced from its lattice site by bombarding fast particles (damage production rate, G). These 

values can be related as 

 ( ) ( ) ( )G E E S E dE   , (2.1) 

where  is the lattice atom displacement cross-section and  – the cascade function, i.e. the average 

number of vacancy–interstitial pairs, created by a recoil with the energy E. Typically, each 

irradiation produces its own energy spectrum S(E) of primary recoils and so the product  should 

be averaged over all energies of all types of primary recoils caused by incident particles.  

Damage production expressed in displacements per atom (dpa) provides a universal characterization 

of primary damage, which is insensitive to particular types and energies of irradiating particles used 

and allows a straightforward comparison of predictions from different experiments. Unfortunately, 

an accurate conversion of irradiation exposure into dpa is not an easy task and is sensitive to many 

factors, such as the type and the energy spectrum of the incident particles, the chemical composition 

of the irradiated material, the energy spectra of secondary and higher-order recoils, the efficiency of 

cascade production of displaced atoms, etc. An even more complicated situation is met for 

simulation experiments in charged particle accelerators, where radiation damage is non-uniform 

over the sample depth and is very sensitive to the incident particle parameters. As a matter of fact, 

displacements per atom should be recalculated for each particular experiment, using the same 

reference technique of the cascade function calculation. Depending on the conversion procedure 
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adopted, the errors in the dpa calculation can easily reach tens percent, which should be kept in 

mind when quantitatively comparing the results of experiments performed in different irradiation 

facilities and even in different places of the same facility (e.g. in different location in the fission 

reactor core).  

It is a common practice to normalize the measured creep rate to the "standard" point defect 

generation rate. For fission reactors one typically applies the so called NRT-standard [112]. It is 

well known, however, that the displacement rates in the case of cascade-forming irradiation can 

strongly differ from the NRT value, GNRT. Often the ‘true’ damage generation rate is expressed in 

terms of GNRT as, 

 G = GNRT, (2.2) 

the correction factor can vary from ~ 0.1-0.2 for fast-reactor neutron irradiation [113-120] to ~ 1 

for irradiation with 1-2 MeV electrons [113,121].  

Having in mind the difficulties with the quantitative interpretation of the data from different 

sources, attention is paid below mainly to qualitative features of the creep dependence on irradiation 

dose.  

Judging from the experimental observations, at least three markedly different stages of irradiation 

creep can be distinguished within the fluence range up to ~150 dpa. These stages can be more or 

less pronounced depending on particular experimental conditions. In the first stage (transient), the 

creep rate continually decreases, tending to a steady-state value. The latter persists in a certain range 

of doses, constituting the second stage (steady-state) of irradiation creep. In a certain range of 

experimental parameters the third stage of irradiation creep can be observed, where the creep rate 

first increases as compared to the second stage, but then can appreciably decrease or even be 

completely suppressed later on. 

2.1.1 Primary transient creep (stage I) 

A typical pattern of the loaded material response to the onset of irradiation is shown in Fig. 2.1(a). 

The onset of irradiation results in fast acceleration of the strain rate of pre-loaded material [61,67, 

68,124-127]. The time required for the creep rate to increase to the new value is usually so short, in 

comparison to the typical time scale of reactor and simulation experiments, that the increase of the 

creep rate looks "jump-like". However, a detailed kinetics of the creep rate acceleration stage can be 

observed in experiments with very low-rate damage production, see Fig. 2.1(b). Actually, the initial 

creep acceleration on the irradiation switch is not always observed, being sometimes replaced by an 
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‘incubation period’ [128,129] or even some amount of ‘negative creep’ [45,123,130], see e.g. 

Fig.2.1(c). However such observations are rare and result usually from the action of some 

competing processes of sample contraction or densification that are promoted by the onset of 

irradiation. 

(a) (b)  

(c)  

Fig 2.1. (a) An example of transient creep stage: tensile creep of En58B in DFR (from [122]).  

(b) The initial stage of creep in a twisted Al wire irradiated with 2MeV electrons at a 

rate of 10
13

 e
-
/(cm

2
 s) [26]. (c) An example of  ‘negative’ initial irradiation creep in F82H 

steel thin wire loaded in torsion (from [123]). 

 

After the quick initial increase, the creep rate gradually falls down to a practically constant value. 

This creep rate stabilisation takes tens to hundreds of hours in fast neutron reactors [124, 131-136] 

and tens of hours for charged particle irradiation [43,48,49,51,55,62,126,133,137], equivalent to 

doses of 0,01-1 dpa. The dependence of the transient strain  on the irradiation dose  = Gt is 

approximated in the literature with various relations, e.g.   (1 -exp(-A)) [8,27,36, 

37,69,71,138,139] or    ln (1+A) [41,44], where A is an empirical constant. Theoretical models 
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are usually in favour of power laws,   m with m < 1 (for example m = 0,46 [140], m = 0.61 

[141] or m = 2/3 [142,143]). 

During the transient creep stage one usually observes a pronounced evolution of the dislocation 

microstructure. Prior to the onset of irradiation a metallic sample contains usually a network of 

weakly nonlinear dislocations, the density of which depends on preliminary thermal and mechanical 

processing and varies from 10
11

-10
12

 m
-2

 (in annealed materials) up to ~10
15

-10
16

 m
-2

 (in strongly 

cold-worked materials). Usually dislocations are distributed in space rather non-uniformly, a large 

portion of dislocations being collected in subgrain boundaries and dislocation walls. When the 

material was loaded prior to the onset of irradiation (to saturate the thermal creep component), 

dislocation pile-ups constitute a typical feature of material microstructure [144-146]. 

Practically immediately after the beginning of irradiation interstitial dislocation loops (of Frank type 

in fcc metals such as austenitic steels) are nucleated in the material [26,43,144,145,147-154]. Their 

nucleation is the direct consequence of point defect generation in the material by irradiation. The 

mobility of interstitials in metals is much higher than that of vacancies and remains appreciable 

down to room temperature (typically, the single interstitial migration barriers are of the order of EmI 

~ 0.1-0.3 eV, while those for a vacancy are EmV ~ 0.6-1.3 eV [155]). Hence, for some time after the 

beginning of irradiation vacancies can be considered as practically immobile, whereas interstitials 

efficiently diffuse, recombine with vacancies, create interstitial clusters and annihilate at network 

dislocations. The interstitial clustering, in particular, results in the formation of small interstitial 

complexes, which are very stable (a typical binding energy of a di-interstitial is of the order of 1 eV 

[156,157], while the energy of the third interstitial binding to a di-interstitial can be even higher, 

e.g. ~ 1.5 eV [157]) and constitute the nuclei of interstitial loops. The efficiency of loop nucleation 

is sensitive to the competition for freely-mobile interstitials between dislocations and newly formed 

loops, so that the higher initial dislocation network density in cold-worked metals can be expected 

to somewhat suppress loop nucleation, as compared to annealed samples. Nonetheless, dislocation 

loop formation following the onset of irradiation is a common feature of dislocation kinetics in both 

annealed and cold worked materials [158]. 

Intensive loop nucleation is observed for a limited time (definitely less than 10
-2

-1 dpa [37, 

76,151,154,159-161]). Then the density of loops either saturates, or increases slowly, for example 

as a consequence of direct in-cascade loop nucleation. The duration of the intensive loop nucleation 

stage is limited for at least two reasons. First of all, when sufficiently large number density of 

dislocation loops is formed, the newly created interstitials are more frequently absorbed by these 

loops (and, naturally, by the network dislocations) than they meet each other. Secondly, the 
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concentration of vacancies after some time of irradiation increases so much that, despite their low 

mobility, they become absorbed at point defect sinks approximately at the same rate as the 

interstitials. As a result, after a certain irradiation dose the further nucleation of interstitial loops is 

suppressed [154,153,160-162]. According to theoretical estimates, the main part of dislocation 

density in interstitial loops in conditions relevant for nuclear reactors (temperatures of 200-600
o
C 

and dose rates ~ 10
-7

 dpa/s) is accumulated within the time between 5 10
-7

 dpa [163,164] and 10
-3

 

dpa [165].  

After the termination of the loop nucleation stage, the ensemble of dislocation loops grows until 

they are built into the dislocation network as a result of intersection with other dislocations [152, 

153,160] or are absorbed by grain boundaries. If the material grains are sufficiently large and the 

initial dislocation density is sufficiently low, in fcc metals such as austenitic steels the faulted Frank 

dislocation loops can reach a size where it is energetically favourable for them to transform into 

polyhedral perfect loops [144,145, 166-169]. A non-hydrostatic external load can influence the 

direction of unfaulting reaction. As a result, the asymmetric unfaulting of loops can lead to 

anisotropic distribution of loops over orientations [169], which, as shown in sect. 3, directly affects 

the creep rate at the transient stage. 

The growth kinetics of large perfect loops is similar to that of network dislocations. The segments 

of dislocation line in a perfect loop tend to become straight and their efficiency for point defect 

absorption can feel the details of the dislocation core microstructure (kinks and jogs on the 

dislocation line). In contrast, the edge of the extra-plane in a small loop is strongly curved and 

always provides sufficient place for easy absorption of point defects. Accordingly, the growth of 

perfect loops is expected to occur more slowly than that of Frank loops (as is indeed observed 

experimentally [170]).  

The growth of irradiation induced dislocation loops and their embedding in the network result in the 

increase of the overall dislocation density. At the same time, the irradiation-enhanced mobility of 

network dislocations results in their accelerated annealing, especially in dislocation walls, where 

their density is much higher than the average in the bulk. Competition between these two oppositely 

directed processes results in the complete dislocation structure transformation from that typical to 

thermal creep (with utterly spatially non-uniform dislocation distribution) to a uniform dislocation 

network with dislocation density at the level of  3-610
14

 m
-2

 [148,171-177]. The final dynamic 

equilibrium dislocation structure is practically insensitive to the dislocation density level in a 

sample prior to irradiation [173,178,179], see Fig. 2.2. The doses necessary to reach the steady state 

dislocation density are < 10-20 dpa [148,171-177], sometimes even < 1 dpa [47,149, 180]. Since 
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irradiation creep is the manifestation of dislocation movement in the material, it is reasonable to 

relate the establishment of the dynamic equilibrium dislocation density with the onset of the 

steady-state irradiation creep stage. Indeed, simulation experiments show [47,181], that the 

formation of the dislocation structure relevant for the subsequent steady-state stage of irradiation 

creep is practically finished by the end of the transient stage. 

 

Fig. 2.2. The variation of the dislocation density during neutron irradiation in type AISI 316 SS 

[173]. 

 

The considerations above imply that the transient stage of irradiation creep is a macroscopic 

manifestation of the movement of network dislocations and the growth of interstitial dislocation 

loops. Strictly speaking, under certain irradiation conditions (e.g. during the cascade-producing 

irradiation with fast neutrons and high-energy heavy ions) one can expect also the formation of 

small (< 1 nm) vacancy loops generated athermally in collision cascades [163]. However, vacancy 

loops are of secondary importance for irradiation creep. First of all, the dose dependence of 

irradiation creep is practically identical for all kinds of irradiation, whereas cascade vacancy loops 

are not formed during irradiation with light charged particles and fast electrons. Secondly, vacancy 

loops in most of the reactor structural materials (except for zirconium and its alloys [182]) usually 

quickly dissolve under irradiation and, after the establishment of the steady-state loop size 

distribution, the role of vacancy loops is reduced to qualitatively unimportant (though to a certain 

degree affecting quantitative estimates) renormalization of point defect generation rate [183-186]. 

The account of the vacancy loop contribution to the creep transients [187,188] has only theoretical 

interest, because these loops can be responsible for only an insignificant part of the total material 

strain at the transient stage. Analytical estimates indicate that their contribution does not exceed 

0.1% [187,189]. 
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The weak sensitivity of the established dislocation density to that present before irradiation implies 

that the steady-state creep stage should be only weakly sensitive to the differences in the 

preliminary thermal-mechanical treatment of the irradiated material, which is usually indeed the 

case [8,40,130,190-193]. In contrast, at the transient stage the effect of the thermal-mechanical 

treatment can be quite noticeable and results from the domination of one or another competing 

process that leads to the establishment of the steady-state dislocation density. In annealed materials 

the transient strain is mainly due to the growth of dislocation loops, whereas in cold-worked 

materials a contribution from the dislocation network annealing might be of importance. It is 

usually found that at transient stage cold-worked samples deform faster [8,10,38,39,40, 140,19] and 

accumulate higher total strain [8,38,40,195] than those annealed. The trend in the duration of the 

transient stage is less clear, since both increase of transient stage duration with increased cold-work 

level [45,195] and complete absence of transient stage were reported in cold-worked samples [190]. 

2.1.2 Steady-state creep (stage II) 

After the termination of the transient stage the irradiation creep rate becomes approximately 

constant, as exemplified in Fig. 2.3. The dislocation structure at this stage consists of network 

dislocations and large dislocation loops. The total dislocation density remains at this stage 

approximately constant.  

 

Fig. 2.3. Normalized irradiation creep rate, / G  , versus dose for stainless steels irradiated with 

light ions and neutrons (from [113]). References: (1) - [133]; (2) - [114,196]; (3) - [137]; 

(4) - [45]; (5) - [75]; (6) - [139]; (7) - [40]; (8) - [197]. 

The independence of the creep rate of the irradiation dose makes this stage the most suitable for 

studying irradiation creep dependence on various experimental parameters, for comparing results of 

various experiments and for verification of theoretical modeling predictions. 
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Many experiments [23,41,44,53,63,75,134,137,155,195,198-203] indicate that in the temperature 

range of 0.3-0.5 Tm the steady-state irradiation creep strain depends linearly not only on the 

dose, but also on the point defect generation rate G (Fig. 2.4). The non-linear (e.g. square root 

[75,122,127,206-208]) dependence of creep strain on the irradiation flux is often reported for lower 

temperatures and is typically ascribed to enhanced efficiency of point defect recombination. 

However, a re-evaluation [17] of some of these data indicates that the non-linearity in G can equally 

well result from misinterpretation of experimental data. 

 

Fig. 2.4. Flux dependence of the secondary creep rates observed in annealed type 09KH16N15M3B 

SS irradiated in the BR-10 fast reactor (from [204], based on data from [205]). 

 

Having in mind the linear dependence of the irradiation creep strain  on the irradiation dose, it is 

convenient to define the so-called irradiation creep modulus, B, i.e. the creep strain per unit dose 

and unit stress, 

 
 
 

As shown below in section 2.2, at relatively low external stresses the creep rate is directly 

proportional to the applied stress  and thus the creep modulus is practically independent of either 

irradiation or loading conditions. Therefore, the creep modulus is a good measure of the irradiation 

creep sensitivity to material parameters.  

It turns out that the irradiation creep modulus in various metals lays, with rare exceptions, in a 

rather narrow range (see Table 2.1). Interestingly, the strengthening of ferritic-martensitic steels 

with high densities of nanometric oxide particles has practically no effect on irradiation creep [88, 

90,91,93], so ODS steels are sited together with the normal steels of this class. Examples of the 

weak variability of the creep modulus for the case of stainless steels are shown in Figs. 2.3 and 2.5. 

B
Gt





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It can be also noticed that the creep modulus in the accelerator experiments is typically an order of 

magnitude higher than that measured for the same material in nuclear reactors. This can be, to some 

extent, an artifact related to the uncertainties of the dpa calculations because, as discussed in 

relation to eq. (2.2), the efficiency of defect creation depends on the particular irradiation 

conditions, which is seldom taken into account in the experimental estimates of the creep modulus.  

Table 2.1 The typical irradiation creep modulus values for in-reactor irradiations (Bn) and 

simulation experiments (Bi) 

Material 
Bn, 10

-6
 

(dpaMPa)
-1 

Bi, 10
-6

 

(dpaMPa)
-1 

Temperature 

range, 
o
C 

References*
)
 

Austenitic stainless steels 1 – 10 10 – 50 150 – 550  

Ferritic-martensitic steels 

(including ODS steels) 
0.1 – 1 5-10 300 – 500  

Zirconium (pure or Nb 

doped) 
10 – 50 - 300  

Zircaloy-2 100 – 500 10
3
 300  

Nickel and high-nickel alloys 1 – 10 20 – 200 200 – 550  

V-4Cr-4Ti 2-5  400-600 [13] 

Titanium  2 – 15 - 300 – 450 [50,7] 

Aluminum 10
6
 – 10

7
 - 60 - 250 [20,23,25] 

Copper - 100 200 - 300 [15,31,65] 

Silver - 300 - 500 150 - 300 [31,65] 

*) References are given only for materials, which are not studied extensively.  

 

 

Fig. 2.5. Irradiation creep modulus for several austenitic stainless steels [209]. The data are from:  

 - [210],  - [122],  - [211],  - [197],  - [212],  - [206], |----| - [213], |-- · --| - [214]. 

2.1.3 Accelerated creep stage (stage III) 

At sufficiently large doses (from 3 up to 30 dpa [40,206,211,215-219]) an increase of irradiation 

creep rate with irradiation dose can be sometimes observed, e.g. Fig. 2.6(a). Usually, however, the 

creep rate does not grow indefinitely, but saturates at a new level, exceeding that of secondary 
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creep, Fig 2.6(b). For this reason, one should be cautious with the interpretation of the measured 

creep data at the fluences exceeding tens of dpas. The linear dependence of the creep strain on dose 

in this case may be misleading and distort the creep modulus due to the neglecting of the 

mechanisms (e.g. swelling) that might lead to the creep acceleration. 

(a)   (b)  

Fig. 2.6. (a) Dose dependence of the stress-normalized creep deformation for type AISI 316 SS. (b) 

Dose dependence of the stress-normalized creep deformation for 15% CW type 1.4981 

(from [209]; the data are from: (a1) - [220]; (a2) - [221]; (a3) - [213]; (a4) - [197]; (a5) - 

[122], (b1) -[212], (b2)-[ 222]) 

 

The dose dependence of irradiation creep in the third stage is described in the literature in two ways. 

Sometimes the creep strain is expressed directly in terms of irradiation dose, using both 

continuously increasing relations like n (n > 1) [223] and relations accounting for the creep 

rate saturation (for example for steel 316 they propose A + B ln[ch(/0)], where A and B are 

some constants and 0  50 dpa [219]). Alternatively, there is a common trend to ascribe the 

acceleration of irradiation creep to the effect of swelling. Evidences in favour of such a correlation 

are  

 the correlation of the third stage onset with an appreciable swelling [215,216,224,225]; Fig. 2.7; 

 the similarity in the temperature dependencies of irradiation creep and swelling [176,219,226-

229]; Fig. 2.8; 

 the similar reaction to material microchemistry (in particular, the solutes that reduce swelling in 

austenitic steel also reduce the creep strain under irradiation [128,230], Fig. 2.9); 

 the experimental observation that, when voids have been created by preliminary irradiation, the 

irradiation creep quickly reaches the third stage, going through the first two stages much faster 

than usual [76,179,217,231].  
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Fig. 2.7. Stress-normalized creep deformation for two sets of 20% CW type 316 SS samples (from 

[209]) 

 

Fig. 2.8. An example of the one-to-one correlation of temperature dependence between 

irradiation creep and swelling (from [226]). 
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Fig. 2.9. Effect of minor chemical additions on pressurized tube diameter change in type AISI 316 

SS [230]. 

 

Correspondingly, the dose dependence of irradiation creep rate  at the third stage is described not 

in terms of the dose itself, but in terms of either the swelling value, S, or the instantaneous swelling 

rate, . Most frequently, the correlation of the irradiation creep rate to the swelling rate is used, 

which is expected from theoretical considerations [174,232-239] and provides a nice fit to 

experimental data [75,76,128,209,210,211,217,218,224,225,226,231,240], 

 BG D S     (2.2) 

where B is the steady-state creep modulus and D is a numerical factor that falls in a range D ~ 10
-5 

–

10
-2

 MPa
-1

 for a variety of steels. Alternatively, one can use the dependence of   on the swelling 

itself [174,197,223, 241,242], such as 

 1 ,BG D S     (2.3) 

where D1 and  are numerical factors. Theoretical models give usually  = 0.5, while some 

experimental fits for  are 0.77 [223]or 1.2 [197] and D110
-4

/G MPa
-1

 [197,223]. 

Relations (2.3)–(2.4) reflect the experimentally observed fact of the "threshold" influence of 

swelling on irradiation creep, namely, that the swelling-induced increase of the irradiation creep 

rate becomes noticeable only when either swelling or swelling rate exceed some critical value (S ~ 

1.5 - 5% [224,243], or  ~ 0,01 %/dpa [209,217]). 

In spite of the abundant experimental data in support of equation (2.3), the correlation between the 

irradiation creep and swelling should be considered with certain caution [244]. Indeed, a typical 

irradiation creep experiment involves measurement of the overall relative change L/L of some 



S

S
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linear parameter L (length of a tensile sample, tube diameter, etc.), which contains contributions 

from the both the volume conserving deformation (i.e. the true irradiation creep strain, ) and the 

deformation caused by the swelling, S, i.e. 

 
1

/ ,
3

L L S    (2.4) 

where isotropic dislocation distribution over orientations is implicitly assumed (dislocation 

distribution anisotropy can additionally affect the factor before S, see sect. 3.2.1.3). Accordingly, in 

order to extract the creep-related deformation from the overall length change, one should measure at 

the same time the accumulated swelling. This means, however, the destructive analysis of samples 

for each data point, which is very expensive and technically inconvenient.  

To simplify matters, one usually estimates the creep contribution to the overall strain, using in eq. 

(2.4) swelling values S0 taken from independent experiments on stress-free samples. It is known, 

however, that the external stress accelerates swelling according to the relation: 

 0 (1 ( ) ),S

HS S D T    (2.5) 

where H is the hydrostatic component of stress and D
S
 is a numerical factor (possibly temperature-

dependent). E.g. for steels D
 S

  2-510
-3

 MPa
-1

 [98,218,245-247] and for nickel D
S
  610

-2
 MPa

-1
 

[248]. From the microstructural point of view, the swelling acceleration is usually related to the 

effects of stress on void nucleation, e.g. the reduction of the void nucleation time lag [3,178,249] or 

the increase of the void number density [250]. As can be easily seen, D ~ D
S
/3 and thus it can not be 

excluded that the swelling rate dependent contribution in (2.3) is largely an artifact, related to the 

neglect of swelling enhancement by stress.  

Indeed, the estimates of irradiation creep rate with account of stress dependence of swelling have 

shown (first for stainless steel 316 irradiated by fast neutrons [244,251] and later on for some other 

steels [99,193,252]), that at some swelling levels the irradiation creep rate falls well below the 

values typical for the steady-state stage, maybe even to zero (Fig. 2.10). Hence at the later part of 

the third creep stage, corresponding to high enough swelling levels, all the observable strain 

acceleration may be due to the influence of external loading on swelling. 
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Fig. 2.10. Calculated creep strain for two pressurized pins of type AISI 316 SS, showing how the 

use of stress-free swelling camouflages the onset of the saturation stage of creep [253]. 

 

Having in mind the observed correlation between the creep and swelling rates, it is tempting to 

conclude that the irradiation creep acceleration is always the direct consequence of swelling. This 

statement is, however, not evident, because the relation between creep and swelling is not 

unequivocal. There exist results, indicating the lack of proportionality between irradiation creep and 

swelling [122,254,255], or even directly contradicting to such correlation. For example, no 

irradiation creep rate modification was observed in samples irradiated up to high doses (~40-60 

dpa) [256], where the swelling is quite pronounced, and, on the contrary, the third stage of creep 

was observed in martensitic steel 1.4914 [257] and in PCA (Primary Candidate Alloy) [255] with 

practically no swelling. 

Not denying the correlation between irradiation creep and swelling, it seems more reasonable to 

conclude that both the irradiation creep acceleration and the development of swelling are 

independent consequences of microstructural and microchemical changes in the irradiated material. 

In steels these changes can be related to phase transformations and matrix depletion with some 

impurities, precipitating from solid solution into secondary phase particles [3,176,253,25].  

Summing up section 2.1, one can conclude that the comparison of the material microstructure 

development during irradiation with the dose dependence of irradiation creep indicates, that 

the following microstructural components are primarily responsible for the observed 

irradiation creep behaviour: network dislocations and growing dislocation loops at the 

transient stage, network dislocations at the steady-state creep stage and network dislocations 

plus voids (or, where relevant, helium bubbles) at the accelerated creep stage.  
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2.2 Stress dependence of irradiation creep 

2.2.1 Typical loading schemes 

The irradiation creep is studied using both direct loading techniques (that is deformation under a 

constant external load) and indirect methods (stress relaxation [24,68,50,70,181,217,259-265] or 

constant strain rate deformation [72]). The discussion of experimental advantages and drawbacks of 

the majority of these methods can be found in the review [75]. Although the indirect methods are 

usually considerably simpler for practical realization, their results allow only qualitative 

conclusions and cannot be interpreted without a priori assumptions. For instance, the numerical 

estimates of the creep rate during stress relaxation are possible only if one assumes the direct 

proportionality between the creep strain and the applied stress [266]. Therefore, the direct methods 

are preferable when one is interested in the investigation of the creep rate dependence on the mode 

and the magnitude of external loading.  

Three basic kinds of direct loading schemes are used in irradiation creep experiments: (i) uniaxial 

tension of rods (in the case of in-reactor irradiation) and thin films or wires (in simulation 

experiments on charged particle accelerators); (ii) nearly bi-axial loading of tubular samples – either 

fuel pins themselves, or specially prepared hermetically sealed cylindrical capsules with a constant 

internal pressure of inert gas; and (iii) nearly pure shear loading (stretching of thin wire springs or 

torsion of wires, tubes or rods). Quite different stress and strain parameters are measured in these 

experiments. Namely, in the uniaxial tests the stress 1 and strain 1 in the loading direction are 

measured. In the case of internally loaded tubes one considers usually the hoop stress and strain,  

and , although in some experiments longitudinal strains are measured, providing useful 

information about the concurrent swelling. Finally, the shear experiments involve shear stress  and 

shear strain .  

In order to compare the results of experiments applying different loading schemes, it is a common 

practice to reduce the actual stress and strain to the so-called equivalent stress  and equivalent 

strain . Having in mind that the numerical comparisons for different experiments are reasonable 

mainly in the strain range, where the irradiation creep rate is linear in stress, one can use the so-

called Soderberg relations [267] 

  (2.6) 1

1

4

3 3




 

   
  
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Equation (2.6) has an important implication for the analytical modeling of irradiation creep. Since 

the results obtained using different loading schemes can be straightforwardly converted to one 

another, it is common practice to consider in analytical models only the simplest case of uniaxial 

loading. 

2.2.2 Creep dependence on stress 

The experimental dependence of irradiation creep rate on the applied stress is usually described in 

terms of a power law,  ̇    , where n can vary depending on the stress range considered. 

Generally it is possible to allocate up to three ranges of stress level with different values of strain 

exponent [268], separated by critical values * and **. At low stress levels ( < *) n = 1 and this 

linear creep rate dependence on stress seems to be a universal law for quite different materials under 

different irradiation conditions and loading schemes (see Fig. 2.11). 

(a)  (b)  

 

Fig. 2.11. (a) Hoop strain versus hoop stress data for the EBR-II pressurized tube test at 377°C and 

13 dpa (from [269]). (b) Creep rates as a function of tensile stress in proton-irradiated high 

purity metals at various temperatures.  Nickel: () 200
o
C, () 300

o
C; copper () 150

 o
C, 

() 200
 o

C; silver: () 97
 o

C, () 150
 o

C; platinum: () 220
 o

C, () 240
 o

C, () 300
 o

C 

(from [31]). 

 

On the contrary, at high stresses ( > **) the stress exponents are also high; one can observe n = 3 

[53,270], 4 [53,271], 5 [257] and even 10 [261]. It is reasonable to assume that in this case one 

deals with the plastic flow of material because the values of ** correlate well with the yield stress, 

e.g. with , as shown in Fig 2.12. For the case considered in this figure, a correlation ** = 

1.3 is proposed [31]. The presence of the pre-factor exceeding unity is reasonable, since the 

yield stress in the figure is that of unirradiated materials, while a more appropriate correlation 

would be with that of irradiated materials, usually somewhat higher due to radiation hardening.  
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Fig. 2.12. Stress for the onset of strongly non-linear stress dependence of irradiation creep, **, as 

a function of yield stress for pure metals shown in Fig. 2.11(b) (from [31]). 

 

In some materials the linear stress range is followed by one where stress exponents exceed unity, 

but not too much. E.g. one can observe values of n ~ 1.5 [40,123,133,210,231,272-276] or n = 2 

[43,59,65,114,151,196,198,200,277,278], see Fig. 2.13, even though more common is the case 

where this non-linearity is not observed at all (see e.g. [53,64]). These stress exponents are too low 

for plastic flow or thermal creep and the creep at this stage is usually still considered as caused by 

irradiation, while the change of the stress exponent is ascribed to the change of the governing 

microstructural mechanism of irradiation creep (e.g. the transition from pure dislocation climb to 

the climb-controlled glide, see sect. 3). In any case, the quadratic stress dependence is valid only 

within a limited stress range (* <  < **). The values of * in those reactor structural materials 

where the stress nonlinearity is observed have typically the order of **/3 (that is 100-200 MPa) 

[268], but are sensitive to the studied material and the experimental conditions.  

 

Fig. 2.13. Stress dependence of the irradiation creep rate for 20% cold-worked 316L stainless steel 

(from [279]). 
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Sometimes attempts are made to describe the dependence  by a unique law (for example, 

 ̇        
 

  
  [7,131,280-282] or  ̇      

 

  
  [283]). However, such laws are hardly anything more 

than empirical fits, because the change of stress exponent is most probably related to the change of 

the dominant microstructural mechanisms of creep, each having its own stress dependence. 

2.2.3 Microstructure development at different stress levels 

The study of dislocation patterns evolving at different stress levels allows the dominating modes of 

dislocation movement to be specified and thus to be more specific when choosing between plausible 

basic mechanisms of irradiation creep. 

Generally, edge dislocations in metals exhibit two movement modes - glide and climb, whereas 

screw dislocations can only glide, though the slowest process limiting their sliding speed can be the 

desorption and absorption of point defects by edge-type jogs [17,100,284]. Below we restrict our 

consideration only to edge dislocations, since the movement of screw dislocations is expected to 

contribute mostly to the thermal creep, rather than to the irradiation one [17]. 

The basic distinction between the two kinds of edge dislocation movement is that the glide is a 

conservative process, whereas the climb (building-up or eating-out of the dislocation extra-plane) 

requires matter supply, achieved usually through the diffusion of point defects. In the absence of 

irradiation and at temperatures below 0.5-0.6 Tm, the concentrations of point defects in metals are so 

low that practically the only possible mode of dislocation movement during creep is the glide. The 

thermal equilibrium concentration of vacancies becomes noticeable and contributes to thermal creep 

(via Nabarro’s mechanism [285,286]) only when the temperatures are rather high.  

Irradiation produces relatively high supersaturations of point defects in a material. As a result, 

irradiation sharply accelerates dislocation climb, which both directly contributes to creep and, by 

facilitating dislocation glide, allows dislocations to overcome glide barriers by climbing to other 

gliding planes. Accordingly, the dislocation patterns formed in irradiation samples are governed to a 

large extent by irradiation and temperature, rather than by the applied loads, as is the case with the 

thermal creep [213,250]. As already mentioned, the generation of interstitials by irradiation results 

in fast nucleation and growth of interstitial (Frank) loops, which is impossible in the absence of 

irradiation. Direct transmission electron microscopy (TEM) studies of dislocation structure 

development in stainless steel 316 [144,151,168] and in nickel [43] during irradiation creep show 

that the growth of dislocation loops and the annealing of network dislocations occurs soon after the 

( ) 
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onset of irradiation (at doses < 1 dpa) and completely destroy the microstructure consisting of 

subgrain walls, slip bands and dislocation pile-ups, which is characteristic for thermal creep.  

Hence, it is only natural to expect that the creep mechanisms under irradiation and without it should 

be essentially different, at least at those temperatures where irradiation creep exceeds the thermal 

one. However, which particular kind of dislocation movement, i.e. climb or climb-limited glide, 

provides the largest contribution to irradiation creep, depends largely on the external loading level. 

The results of TEM studies of dislocation structure evolving during irradiation creep indicate that, 

in the stress level range where the creep rate is linear in , the domination of dislocation climb is 

manifest [145,146], whereas at larger stress levels one can identify the features related to the 

dislocation multiplication and sliding [146], which means that both kinds of dislocation movement 

occur.  

With regards to the analytical modeling of swelling-free irradiation creep, these results mean that in 

the stress range  < * it is sufficient to consider the contribution from dislocation climb 

(including, in particular, the growth of dislocation loops at the transient creep stage). At stress levels 

in the range of * <  < ** both the dislocation climb and the climb-limited glide should be taken 

into account. The nonlinear stress dependence of irradiation creep rate in this stress range indicates 

that the glide-related mechanisms provide the main contribution, because it is hard to explain the 

stress dependence non-linearity in the framework of pure climb mechanisms. 

The third stage of irradiation creep is yet another regime, where climb-limited glide of dislocations 

is important. The evolution of voids generally accelerates dislocation climb (irrespective to the 

effect of stress) and simplifies the overcoming of glide barriers. On the contrary, the role of purely 

climb-related mechanisms decreases with the increase of swelling [116,162,183,287]. 

Finally, at very high stresses ( > **) the main part in the material deformation is played by 

dislocation glide, controlled not only by climb over pinning centers, but by dislocation 

multiplication and mutual annihilation, as typical for plastic flow. Therefore, it is natural to expect 

[1,45,288] that at very high stresses the in-reactor material flow is similar to that of unirradiated 

control samples, as was indeed experimentally observed [6,45,53,64,191,262,280, 289,290].  

 

2.4 Temperature dependence of irradiation creep  

Irradiation creep is observed not only in a limited range of external loads, but also in a limited 

temperature range, where the maximum temperature usually does not exceed ~ 0,5Tm. At higher 
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temperatures the irradiation component of creep rate is noticeably less than the thermal one, which 

grows exponentially with temperature as a result of both the increase of thermal concentration of 

vacancies and the acceleration of thermally activated processes of mass transfer. At high 

temperatures the creep activation energy are practically identical under irradiation and 

without it and are close to the self-diffusion energy via vacancy mechanism [277,291]. 

The major body of the available data concerning irradiation creep falls within the temperature range 

0,25-0,5 Tm, which is relevant to operational conditions of structural materials in fission and 

currently designed fusion reactors. In this temperature range the irradiation creep dependence on 

temperature is rather weak. Usually, in experiments with a limited number of temperature points 

no pronounced temperature dependence at the typical working temperatures of nuclear reactors is 

noticed [1,15,16 89 127,129,130,190,215,291,292], though some increase [13,22,2529,63,114, 

197,204,208,226,293-295] or decrease [50,296-299] of irradiation creep with the increase of 

temperature is reported as well. Several rather detailed (even though not numerous) studies of the 

temperature dependence of creep in irradiated materials show that at lower temperatures a weak 

monotonous increase of  with temperature is observed, whereas at temperatures closer to the 

transition from irradiation to thermal creep a depression of creep rate takes place, leading to a 

characteristic "hump" in the temperature dependence [66,122,213,226,255,272,273,293,300-301], 

see Fig. 2.14. The "hump" like temperature dependence is more typical for pre-irradiation cold-

worked materials [213,226,255,300], as well as for ferritic-type steels with inherently high 

dislocation density [272,273,293]. Such specific form of the temperature dependence of irradiation 

creep rate is one of the important criteria for the validation of the irradiation creep theory 

predictions. 

The "hump" on the temperature dependence of irradiation creep is usually located in the same 

temperature range where the "bell-shaped" temperature dependence of swelling is observed. This 

fact is often considered as a proof of the direct correlation between swelling and irradiation creep 

[176]. This interpretation should, however, be taken with caution because the "hump" in the 

irradiation creep is observed also when no swelling is experimentally detected [213] or the doses 

are too low for noticeable swelling (< 3 dpa) [300]. Moreover, the responses of creep and swelling 

to a progressive temperature decrease are not correlated [302]. Finally, in a comparative study of SS 

316 tubes in annealed and cold-worked states [213], the normal "bell-shaped" dependence of 

swelling was noticed in both types of tubes, whereas the "hump" on the temperature dependence of 

irradiation creep was observed only in cold-worked samples.  


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(a)  (b)  

Fig.2.14. (a) The temperature dependence of irradiation creep in type AISI 316 CW [300]; (b) The 

creep modulus of 20% CW type 316 SS as a function of inverse irradiation temperature 

[213]. 

 

The results of irradiation creep measurements in copper [33] indicate, however, that it is quite 

reasonable to ascribe the noticeable temperature dependence of irradiation creep rate to the 

dominance of dislocation glide. Indeed, as can be seen in Fig. 2.15, the variation of the creep rate 

inversely reflects the changes in the material yield stress, which is quite natural for the climb-

controlled-glide mechanism of irradiation creep. Moreover, the increase of the copper purity 

completely removes the "pit" in the irradiation creep curve (curve 3 in Fig 2.15).  

 

Fig. 2.15. The temperature dependence of the reactor (1,2) and the thermal (3, 4) copper 

(99.95%) creep rate and of the yield stress (5): the grain size are 35 (1, 3) and 50 m 

(2, 4). (from [33]). 
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At low temperatures (< 0,25 Tm) the irradiation creep was rarely addressed [36,37,71,299] and is 

investigated poorly, see Table 2.2. Nonetheless, it is established, that even at temperatures of some 

tens of Kelvin irradiation accelerates creep and the values of the creep rate are comparable to those 

observed at higher temperatures. In the temperature range of 0,2-0,25 Tm the irradiation creep rate 

has the same order of magnitude as at higher temperature and even tends to be faster than at higher 

temperatures [71]. 

Table 2.2 

Some Low-Temperature Creep Experiments 

Temperature Material 
Creep modulus, 

10
-6 

/(Mpadpa) 
Reference 

20 K W Irradiation increases 

creep rate 
[37] 

20 K  

36 K 

Mo 2 

7 
[71] 

20 K Mo 2 [36] 

60
o
C Steel HT-9 

Alloy Fe-15%Cr 

6.3 

10 
[299] 
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3. Theoretical models of irradiation creep 

3.1 Brief introduction to irradiation creep theory 

The plastic deformation of metals is, on the microscopic scale, the result of dislocation motion. Let 

us recall, therefore, how the rate of macroscopic deformation is related to the dislocation motion 

parameters. As mentioned in section 2, only edge dislocations (in the form of either network, or 

loops) will be considered. 

In a general case the strain of a material is described by a second-order tensor, ij (where the 

subscripts i,j = 1,2,3 denote Cartesian coordinates), which can be expressed in terms of dislocation 

velocities V as [303] 

 1 ,ij imn m n je V t b dl    (2.7) 

where t is a unit vector along the dislocation line, b is the Burgers vector of the dislocation,  is the 

sample volume, eimn is the anti-symmetric Kronecker's tensor and integration is along all edge 

dislocation lines in the material. Here and below a point over a symbol means time derivative and 

the Einstein summation rule over repeated subscripts is implied.  

In order to get some useful information from this equation, it is necessary to introduce some 

reasonable simplifications concerning the nature of the dislocation structure. Let us assume, first of 

all, that network dislocations are straight lines, while dislocation loops are perfectly circular. Since 

contributions to the strain from network dislocations and from loops are additive, let us discuss 

them separately, starting with the contribution from network dislocations.  

It is usually safe to assume that a straight dislocation moves as a whole with the same average 

velocity which, however, can depend on the dislocation orientation in the material. Usually the 

number of possible dislocation orientations in a crystal is limited, let us say equal to some K. Then 

the dislocation network contribution to the total creep rate can be reduced to  

 ,D

ij imn m n je V t b   (2.8) 

where the angular brackets for an arbitrary function F
k
 of dislocation orientation k (1 < k <K) mean 

the averaging over dislocation orientations,  

 
1

,
K

k k

k

F f F


  (2.9) 
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with the weight f
k
 = k

/, where k
 is the density of dislocations with orientation k and  - the total 

network dislocation density in the sample.  

Due to symmetry reasons, the dislocation velocity is normal to the dislocation line direction t. 

Having in mind that the Burgers vector of an edge dislocation is also normal to t, we can write 

down V as a sum of two vectors: 

 ˆ ,k k k k k

c gV V  V n b  (2.10) 

where ˆ /k k bb b , ˆ[ ]k k k n b t , b is the absolute value of dislocation Burgers vector (assumed for 

simplicity to be independent of dislocation orientation), Vg
k
 is the velocity of dislocation parallel to 

the dislocation Burgers vector and Vc
k
 is velocity of dislocation in the direction of its extra plane. 

The movement in the direction of the Burgers vector (called slide or glide) involves only the shift of 

the dislocation extra-plane and occurs under the action of local shear stresses. On the contrary, the 

movement in the direction normal to the Burgers vector (climb) involves the dissolution or build-up 

of the extra plane. The signs before the terms in the r.h.s. of eq. (2.10) are chosen so that Vc > 0, 

when the dislocation climbs by extra plane build-up, while Vg >0 when the dislocation glides in the 

direction of the Burgers vector.  

Substituting (2.10) into (2.8), one obtains (cf. [304,305]): 

 
1ˆ ˆ ˆ ˆ( )
2

D

ij i j c i j i j gb bb V b bn n b V     . (2.11) 

According to eq. (2.11), one can consider contributions to creep rate from dislocation climb and 

glide as formally additive. This does not mean, however, that climb and glide of dislocations occur 

completely independently. On the contrary, when the external strains are below the yield stress, the 

average dislocation glide velocity in real materials is much less compared to the glide velocity in a 

perfect crystal. This is because the glide is hindered by various barriers (point defects, impurity 

atoms, secondary phases, other dislocations, etc.). The barriers can be overcome either 

thermofluctuatively or by climb of the pinned dislocation segments to another glide planes, where 

the barrier is no more operative. The temperatures relevant for the dominance of irradiation creep 

are usually too low for overcoming barriers by thermal fluctuations, so dislocation climb limits the 

average glide velocity. Quantitative discussion of the climb-limited glide is given below in sect. 

3.2.2.  

In contrast to network dislocations, interstitial loops can glide only under the action of shear stress 

gradients [284], which are seldom created in the irradiation creep experiments and, even if present, 
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are not big enough to force the glide of loops of sizes of several tens to hundreds nanometers, which 

are of interest for the transient creep stage. Hence, the glide mode of dislocation loop movement is 

little relevant for irradiation creep. Strictly speaking, another movement mechanism is possible for 

very small (< 1 nm) perfect interstitial loops, as observed in Molecular Dynamics (MD) computer 

simulations for copper [306] and -iron [307,308]. This mechanism is very similar to glide, since it 

is one-dimensional and involves no absorption or desorption of point defects. However, in contrast 

to glide, this movement occurs in a stochastic manner, even without external stresses. Because such 

small dislocation loops can form directly in collision cascades (see e.g. [306,309-311], they 

contribute to irradiation creep in the case of cascade forming irradiation, which serves as a source of 

dislocation loops operating during the whole experiment time. However, here we do not consider 

this mechanism because up to now no discussion of the contribution of one-dimensionally moving 

small dislocation loops to irradiation creep are reported in the literature. Therefore, only the growth 

of dislocation loops due to point defect absorption is considered below. 

Let us assume that, similarly to the case of network dislocations, the number of possible loop 

orientations in the material is finite and equal to M. In agreement with experimental data, one can 

assume that practically immediately after the onset of irradiation the volume number densities of 

loops attain the values, NL
m
 (1 < m < M), and do not change until the loops become very large and 

incorporate into the dislocation network. Let us introduce for the loops with orientation m the 

distribution function f
m
(R,t) over radii R at time t, such that  

 ( , ) /m m

L Lf R t dR N N ,  

where NL is the total volume density of loops. The growing loop contribution to the creep rate will 

then be given by 

 
0

1

maxˆ ˆ2 ( ) ( , ) ,
M

L m m

ij i j

m

R
b bb V R f R t RdR 



    (2.12) 

where V
m
 is the loop growth rate. To simplify matters, one can assume that at the transient 

irradiation creep stage all loops of the same orientation have the same radius R
m
. Then the 

component of irradiation creep rate due to dislocation loops, 
L

ij , can be written down as 

 ˆ ˆ2 ,L

ij L i j LN b bb RV   (2.13) 

where the orientational average is performed as in the relation (2.9), but with the weight of fL
m
. 
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It is seen from eqs. (2.11) and (2.13) that processes of two kinds give rise to creep, namely those 

related to dislocation movement and those related to the evolution of the dislocation structure itself, 

which involves both the total dislocation density variation and the redistribution of dislocations over 

orientations.  

From the theoretical point of view, it is convenient to concentrate first on the dislocation movement 

mechanisms, assuming that the dislocation structure is stabilized and involves predominantly 

network dislocations. As shown in sect. 2.1, this situation corresponds to the secondary creep stage. 

When the basic mechanisms leading to dislocation movement anisotropy are established, we will 

proceed to the effects of microstructure development, as appropriate for primary creep and for 

swelling-promoted creep. 

3.2 Steady-state irradiation creep 

At the steady-state stage the rate of irradiation creep is given by equation (2.11) and contains two 

terms, one of which is due to dislocation climb and another to dislocation glide. Let us consider 

these terms separately, starting from the climb mode of dislocation motion. 

3.2.1 Creep mechanisms based on stress-induced dislocation climb 

3.2.1.1 Dislocation climb rate 

As follows from (2.11), the dislocation climb contribution to the creep rate is determined by the 

climb velocity Vc
k
, which can be expressed in terms of point defect currents per unit dislocation 

length, J ( = v for vacancies and i for interstitials) as 

 1( ).k

c i vV b J J   (2.14) 

In order to calculate the point defect currents to dislocations, one has to solve an appropriate 

diffusion problem for point defects in the matrix, assuming that the thermal equilibrium 

concentrations of point defects, k

dC ,are maintained at the jogs on the dislocation lines, where the 

point defect absorption occurs. Note that in externally loaded material this equilibrium 

concentration can depend on dislocation orientation with respect to the stress orientation, as 

indicated by a superscript k.  

An exact solution of such a diffusion problem in multiply-connected regions between point defect 

sinks is usually hopeless. On the other hand, macroscopic parameters, such as the creep rate, should 

not be very sensitive to the details of individual dislocation motion and are determined by the 

"average" rate of dislocation climb. The usual approach applied in this case involves the use of the 
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rate theory [312,313]. According to this approach, all point defect sinks (network dislocations in our 

case) are “smeared” over the material volume and the matrix is considered as a uniform "lossy" 

continuum (or, alternatively, "effective medium"). Correspondingly, one can assume that some 

"average" (in the sense of statistical averaging over the sink ensemble [313]) concentrations of point 

defects, C ( = i,v), are established in the material, as a result of a balance between point defect 

generation by irradiation and point defect loss either at sinks or due to mutual recombination, 

 ( ) 0.R i v i vG J D D C C      (2.15) 

where G is the point defect generation rate, D is the diffusion coefficients for -type point defects 

and R is the recombination factor. From common sense reasoning (justified by strict analytical 

consideration [313]), one can expect that the point defect current to a dislocation should be 

proportional, first of all, to the difference between the average point defect concentration in the 

matrix C and the equilibrium concentration near the dislocation, C0
k
, and, second, to the point 

defect mobility, as specified by diffusion coefficient D,

 0( ),k k kJ Z D C C       (2.16) 

where Z
k
 are the proportionality factors (so-called "bias factors"), which are determined by the sink 

geometry, orientation in space and the efficiency of sink elastic interaction with point defects. 

Solving the set of equations (2.15) and (2.16), one can re-write the dislocation velocity (eq. (2.14)) 

as 

 ,k k k

c cT cIV V V   (2.17) 

where VcT is the thermal climb rate, related to the dependence of the equilibrium vacancy 

concentration on dislocation orientation (contribution due to interstitial is usually omitted due to 

extremely low interstitial solubility in metals), 

 0
0 ,

k
k kv v v

cT v

v

Z D Z C
V C

b Z

  
  

  
 (2.18) 

and VcI is the climb rate due to the effect of irradiation, 

 ,
k k

k i i v v
cI

i v R

Z Z Z Z G G
V

Z Z b G

        
     

      
 (2.19) 

where  
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2

4 ( )

i v
R i v

R i v

D D
G Z Z

D D




  


 

and the functional form of function  is 

 
2

( ) .
1 1

x
x

 
 

 

In writing down the equations we omitted the terms proportional to the equilibrium vacancy 

concentration in the argument of , because it is negligible in the region of low temperatures, 

where the deviation of  from unity is noticeable.  

Thus the dislocation climb rate includes two contributions, one of which is not related to irradiation 

and is not considered any more. So only equation (2.19) is discussed below. The most important 

feature of equation (2.19) is the dependence of the climb rate on dislocation bias factors Z for 

vacancies and interstitials. Indeed, it is seen that irradiation leads to dislocation climb 

acceleration only provided that the external load leads in some way to a "double" asymmetry 

of point defect absorption by dislocations. First of all, the dislocation bias factors should depend 

on dislocation orientation with respect to external loads and, secondly, this dependence should be 

different for vacancies and interstitials. Let us consider what models have been proposed for the 

explanation of influence of external loading on the orientational dependence of bias factors Z. 

Having in mind relation (2.7), we restrict to a simple case of uniaxial loading by stress . 

3.2.1.2 Mechanisms of stress-induced anisotropy of dislocation bias factors 

Up to now, only three mechanisms of dislocation bias factor modification by external stress, 

answering the necessary requirements, have been suggested in the literature. They can be 

generally referred to as Stress-Induced Preferred Absorption (SIPA), though initially this name 

referred to only one of them, that based on the stress-induced elastic modulus anisotropy of point 

defect interaction with dislocations [162,304,314-316]. The other two mechanisms consider the 

effect of anisotropic external stresses on the point defect mobility [317-323] and on the 

efficiency of point defect accumulation in dislocation cores [324-327]. Let us discuss them in 

more detail. 

3.2.1.2.1 Stress-modified modulus interaction of point defects with dislocations 

Historically, this was the first mechanism suggested in the literature. It treats point defects as 

spherical inclusions (isotropic centers of a dilatation) with elastic constants, distinct from those of 

the surrounding matrix. This is a reasonable approximation for vacancies, but for self-interstitial 
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atoms, which in metals usually have a dumbbell (or even crowdion) configuration, the applicability 

of such model is not obvious. However for isotropic (or cubic) materials one can expect that the 

model can still be acceptable, if one takes an average over possible dumbbell orientations. The idea 

of the mechanism is that the external loading "polarizes" point defects, see Fig. 3.1. As a result, 

dislocations of different orientations with respect to the applied stress become non-equivalent in 

terms of the strength of their elastic interaction with polarized point defects. 

 

Fig. 3.1. A schematic representation of the stress induced bias in the point defect-dislocation 

interaction (from [162]). 

 

The energy of interaction of a polarized point defect with a k-type dislocation with, U
k
, looks like 

[316]: 

 sin ,
k

k

B

R
U k T

r


   (2.20) 

where kB is the Boltzmann factor, T is the absolute temperature, r and  are the polar coordinates 

related to the dislocation, and R
k
 is the characteristic radius of dislocation interaction with point 

defects,  

 0 ,k K k

B

b
R e p p q

k T E



   

  

 

 
   

 
 (2.21) 

Here E and  are, respectively, the Young modulus and the shear modulus of material,  is the 

atomic volume, e
0
 is the effective dilatation of a point defect, p

K
 and p


 are the factors, 

expressed, respectively, in terms of either the bulk moduli (K, K) and shear moduli (,  of the 

matrix and the point defects of type  [316], or in terms of elastic polarizabilities of point defects 

P
K
 and P


 [328]. The dependence of the interaction energy on the dislocation orientation is given 

by the factor q
k
 [329]: 
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 2 2ˆ3 ( ) 3( ) (1 ),k k kq     t s b s  (2.22) 

where s is the unit vector in the direction of applied load. As follows from relation (2.21), the 

anisotropy of dislocation interaction energy with point defects is due to the differences of shear 

moduli of point defects and the matrix.  

Computer simulation of vacancy formation in -Fe under the combined action of the external and 

dislocation stress fields [330] indicated no dependence of the vacancy formation energy on the 

stress direction. On the contrary, the dumbbell interstitial atoms, that easily rotate on-site under the 

action of shear loads [331], are expected to be quite sensitive to stress orientation. For the order of 

magnitude estimates one can usually assume p


i 0.5 and p


v = 0 [315]. The estimate of p


i and p


v 

using the values for point defect polarizabilities in Al [332] also indicate that p


i >> p


v, though the 

values of p


i are predicted to be an order of magnitude higher. 

The estimates of R
k
 show that at the experimentally relevant temperatures there holds the relation 

r0 « R
k
 « Rd, where r0 is the radius of a dislocation core and Rd  ()

-1/2
 is the average distance 

between dislocations. In such an approximation, the following expression for Za holds [333]: 

 
0

0

0

2
1 ,

ln(2 / ) 2

k k

k

d

Z p
Z Z q

R R e



 
 

 

 

 

 
   

 
 (2.23) 

where Z
0
 is the bias factor value in a stress-free matrix. As can be seen, Z

k
 depends, indeed, on 

both the type of point defect involved and the dislocation orientation, via q
k
. 

3.2.1.2.2 Stress-induced anisotropy of point defect diffusion 

The physical reason for the bias factor anisotropy is the modification of the energy barriers 

for point defect diffusion in the loading direction and perpendicularly to it. In such situation 

the diffusion is described not by a scalar diffusion coefficient, as it was in the isotropic material, but 

by a tensor of diffusion coefficients D,ij. The general form of a diffusion tensor in a crystal lattice 

can be presented as [334]: 

 , exp ,
h

ij i j

B

E
D h h

k T


  

 
  

 
 h

h

 (2.24) 

where  is the vibration frequency of point defects in the lattice, hi is the i-th component of a 

vector h, connecting an equilibrium point defect position with one of the neighbour equilibrium 

positions, E
h
 is the energy barrier of diffusional jump in the direction h, h the factor that takes 

into account a possibility of the dumbbell diffusion mechanism (for interstitial atoms), and 
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summation in (2.24) is performed over all nearest neighbour sites to which the point defect can 

jump. If the material is under the action of elastic deformations eij(r), the energy E
h
 can be written 

down as: 

 
, ,

1
( ) ( ) ,

2

h m s s

kl kl klmn kl mnE E P e Q e e     h h  (2.25) 

where P
s
,kl and Q

s
,klmn are, respectively, the force tensor and the elastic polarizability tensor in a 

saddle point of a diffusional jump. Both these tensors depend, generally speaking, on the direction 

of the jump. According to relation (2.25), the diffusion coefficient dependence on the external 

loading and the dislocation orientation can originate from two sources.  

First of all, the strains ekl  in equation (2.25) are a sum of external strains o
ij and the strains created 

by a nearby dislocation d
ij. Although these two strains enter additively in the second term in (2.25), 

their effect on the diffusivity is not additive, because in the vicinity of a dislocation core P
s
,kl

d
kl  

kBT and hence the exponentials in (2.24) can not be straightforwardly expanded in the powers of 

total deformation [334]. As shown below, the resulting corrections to dislocation bias factors turn 

out to be dependent on both the point defect type and the dislocation orientation with respect to 

stress. 

Secondly, the last term in the r.h.s. of equation (2.25) depends on products of the type o
kl

d
mn, 

which include interference terms that depend simultaneously on the external loading and the 

orientation of a dislocation. The account of such terms results, correspondingly, in corrections to the 

diffusion coefficients and to the dislocation bias factors, which satisfy the "double anisotropy" 

requirement and can contribute to irradiation creep [335]. Having in mind, however, that this 

mechanism is of the second order in strains, it is possible to neglect it as compared to the first-order 

one. 

If the external stress is sufficiently low (/kBT « 1) and the crystalline lattice is cubic, the bias 

factors can be presented as [334] 

 
0 (1 )

1 ,
2(1 2 )

k s k

B

Z Z e q
k T

  

 



 
  

 
 (2.26) 

where  is the Poisson ratio of the material,  the atomic volume, e
s
 the point defect dilatation in 

the saddle point of diffusion jump, Z
0
 the bias factor of the unloaded dislocation, and the 

orientation factor q
k
 is defined by the relative orientations of the unit vector of dislocation 
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orientation, t
k
, the unit vector s in the direction of applied stress and the basis vectors ep (p = 1,2,3) 

of the crystalline lattice, 

 
3

(2) 2 (3) 2 2

1

( ) ( ) ( ) ,k k k

p p

p

q d d 



  st se t e  (2.27) 

where d
 (2)

 and d
 (3)

 are the factors determined by point defect force tensors in saddle points of 

diffusional jump (that is, are defined exclusively by material properties). Numerical values for d
(2)

 

and d
(3)

, estimated using computer simulation values for copper and iron, are summarized in Table 

3.1. 

Table 3.1 - Numerical estimates of d
(s)

 for copper and -iron [334] 

 Copper *
 

-Iron 

 v i v i 

d
(2)

 -0.62(-0.35) 0.20(0.13) 0.88 0.60 

d
(3)

 -1.51(-0.85) -0.24(-0.16) -0.88 -0.60 

*
)
The values in parentheses are estimated with the data from [336], all other 

values use the data from [337] 

 

3.2.1.2.3 Stress-modified efficiency of point defect absorption by dislocations  

Both preceding models implicitly assume that dislocations absorb any point defect that jumps 

into its core. Actually, straight edge dislocations laying along low-index crystallographic directions 

have atomically smooth edges of extra-planes, divided by separate jogs and kinks, and the lengths 

of smooth segments considerably exceed the interatomic distance a [284]. A point defect entering 

the dislocation core on a smooth segment does not lose its individuality [338] and can diffuse 

along the extra-plane edge. Eventually, the defect either jumps out of the core back into the 

volume of material, or is absorbed at a dislocation jog, thus contributing to the climb of the 

dislocation (the direct electron microscopy observation of not conservative movement of 

dislocation jogs was carried out e.g. in [339]). 

Even when the concentration Cj of jogs on a dislocation is rather low (aCj << 1), the dislocation can 

act as a perfect sink for point defects, provided Cj  1, where  is the average distance traveled 

by a point defect in the dislocation core. However, in the opposite limiting case (Cj << 1) the 

dislocation can be considered rather as a discrete chain of jogs capturing point defects only from the 

neighbouring pieces of dislocation line of length . Correspondingly, the effective absorbing 

length of a dislocation and, hence its sink strength for point defects becomes proportional to Cj 

[324,340]. In this case the dislocation bias factors can be written down as [325] 
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 ,k k k k

jZ C     (2.28) 

where 
k
 is the coefficient that depends on Cj

k
 and on the effective radius of elastic interaction of 

point defects with dislocation, R
k
, as given by equation (2.21). The "discrete" structure of 

dislocation as a sink for point defects allows the bias factors to be modified by an external load via 

its influence on the defect diffusion in dislocation core and the linear density of jogs.  

The relation specifying the average jog concentration on dislocation is not very certain, though the 

lowest bound for Cj is given by the thermal concentration of jogs Cj
th

, defined as 

 exp ,
jth

j

B

E
C a

k T

 
  

 
 (2.29) 

where Ej is the energy of jog formation on dislocation line. Experimental estimates of Ej are scarce 

(e.g. Ej = 0.3-0.4 eV for undissociated dislocations in copper  and aluminum, and Ej ~ 4 eV for 

dissociated dislocations in copper [341]). A rough estimate of Ej can be done according to the 

relation Ej  0.1 [284]. For Al it gives Ej  0.4 eV, which is in good agreement with the above-

mentioned experimental values. 

The dependence of jog concentration on the external load can result from variations of the 

energy barrier that must be overcome for the nucleation of new jog pairs on a straight segment 

of extra-plane edge [325]. Indeed, new jogs are nucleated in pairs when a cluster of  atoms is 

added to extraplane or a row of  vacancies "eats out" the extra-plane ( 2-3). Formation of such 

clusters on a dislocation with orientation k in the field of external loads ij requires an additional 

work A
k
 = -nn or A

k
 = -nn, respectively, where ˆ ˆk k

nn i j ijb b   is the stress acting normal 

to the dislocation extra-plane. When a dislocation climbs, absorbing predominantly point defects of 

one certain type, only the jog pairs formed by these point defects will survive. Therefore, the 

external load changes jog concentration proportional to exp(-nn/kBT), if dislocation 

preferentially absorbs vacancies and  exp(nn/kBT) in the opposite case. 

The mean free path of a point defect in the dislocation core, , is given by the relation [325] 

 exp ,
k

k

B

Q
a

k T




 
  

 
 (2.30) 

where Q  = (Eb + Em - E
d

m )/2, Em and E
d

m are migration barriers of point defects in the bulk 

and in the dislocation core, and Eb is the energy of their binding to dislocations.  
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The external load can change the values of both formation and migration energies of point defects 

in dislocation core, E
d

f and E
d

m [342]. So let us expand the energy Q
dk

  = E
dk

f + E
dk

m to the first 

order in external strains o
ij, i.e. Q

dk
 = Q

d
 (1+P

dk
,ij

o
ij), where P

dk
,ij is the force tensor of a point 

defect in the saddle point of diffusion jump along the core of a dislocation of orientation k. 

Assuming that the relaxation volume of a point defect, V
d
 = Tr P

dk
,ij/K, where K is the bulk 

modulus of the material, is independent of dislocation orientation, and using the Hook's law for o
ij, 

the orientational dependence of  can be represented as 

 
,1

exp ,
6(1 2 )

k d

ij ijk

B

p V

k T

 








  
  

  

 (2.31) 

where p
k
,ij = 3P

dk
,ij/Tr P

dk
,ij.  

 

3.2.1.3 Irradiation creep rates due to dislocation climb 

The climb-controlled contribution to the irradiation creep rate, 
I

ij , is obtained by 

straightforward substitution of equation (2.19) into the first term in the r.h.s. of equation (2.11): 

 
ˆ ˆ ˆ ˆ

I k l i k l v
kl

i v R

b b Z b b Z G
G

Z Z G


      
     

      
. (2.32) 

Using this relation, it is possible to analyze the dependence of the steady-state irradiation creep on 

irradiation parameters. 

3.2.1.3.1 Irradiation creep dependence on the point defect generation rate 

The dependence of in-reactor creep rate on the point defects generation rate G is markedly different 

for three temperature intervals. In the low-temperature region, where the point defect annealing 

behaviour is dominated by recombination, I

ij G   (cf. [75,122,206]). At intermediate 

temperatures the creep rate is described by the usual linear law 
I

ij G  . Finally, in the high-

temperature region the irradiation creep is negligible as compared to the thermal component of 

creep. It should be emphasized that such qualitative behaviour is due to point defect annihilation 

regimes, rather than to a particular kind of SIPA mechanism However, the transition temperatures 

T* and T** between the three temperature regions can be sensitive to details of point defect capture 

by sinks. The estimates of T* and T** are given below in subsection 3.2.1.3.4. 
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3.2.1.3.2 Irradiation creep dependence on the load intensity 

As already discussed, it is assumed that the studied material is under the action of a uniaxial stress  

applied along the axis 1 of the Cartesian system of coordinates. As long as the stress is sufficiently 

small, the bias factors Z can be expanded to the first order in  (or, more conveniently, in a 

dimensionless parameter  /): 

 0 1 ,k kZ Z  






 
  

 
 (2.33) 

where Z

 is the stress-free value of corresponding bias factor and k

  is the first derivative of Z 

with respect to the normalised stress (/). Substitution of (2.33) into (2.32) gives 

 
DC

kl kl

R

G
B G

G






 
  

 
, (2.34) 

where Bkl is the creep compliance (a tensor analog of the creep modulus), defined as 

 ˆ ˆ ( )kl k l i v i vB b b          . (2.35) 

Relation (2.34) demonstrates that the in-reactor creep rate at comparatively small stresses is 

linear in . This stress dependence has universal character, irrespective of the mechanism ensuring 

anisotropy of point defect absorption by dislocations. On the other hand, the applicability range of 

the linear relation (that is, the maximum stress  * until which relation (2.35) holds) depends on the 

particular mechanism. 

When the bias factor anisotropy is due to the stress effects of elastic interaction of point defects 

with dislocations,  * is of the order of the shear modulus of the material, . Because such loading 

stresses cannot be reached in creep experiments, the linear dependence of the creep rate on stress 

can be expected at any relevant stress. On the other hand, when the bias factor modification is due 

to the stress effect on point defect energetics (diffusion barriers, energies of jog nucleation on 

dislocations, etc.), the critical stress  * is of the order of  * ~ kBT /, which gives values of about 

several hundreds MPa at typical reactor temperatures of 300-600
o
C. It is interesting to note, that 

these values are of the same order of magnitude as the yield stress of irradiated metals, which 

naturally promotes a question, whether such mechanisms can be responsible for the observed non-

linearity of irradiation creep at  >  *. It is easy to show, however, that this is not the case.  
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Indeed, let us assume that at large stresses the bias factors are described by a relation of the type Z
k
 

 exp(
k
/ kBT), where the value of 

k
 is determined by a particular mechanism. Then the basic 

contribution to all orientational averages of Z, entering (2.32), will be given by dislocations with 

that orientation , for which 

 is the biggest positive number. But then ˆ ˆ ˆ ˆ/k l k lb b Z Z b b 

    

and does not depend on stress at all. Then equation (2.32) predicts that the irradiation creep rate 

determined by dislocation climb should vanish at high stresses. The physical reason for this 

conclusion is transparent. At too high stresses both vacancies and interstitial atoms created by 

irradiation are predominantly captured by dislocations with the same preferred orientation, 

so the net dislocation climb vanishes. 

Summing up, the experimentally observed non-linearity of in-reactor creep rate cannot be described 

in terms of the models based on dislocation climb and requires the account of alternative 

mechanisms (e.g. considering dislocation sliding). Therefore the remaining part of the current 

section deals with the region of linear dependence of irradiation creep rate on stress.  

3.2.1.3.3 The irradiation creep compliance 

The value of the irradiation creep compliance Bkl is determined by the specific mechanism 

resulting in the anisotropy of bias factors Z.  

For example, for the case of stress-induced elastic modulus anisotropy mechanism one has 

 
0 0

0 0
,

2 2

EMA i i v v
kl kl

i v

Z p Z p
B S

e e

 

 

 
  

 
 (2.36) 

where Skl
EMA

 is the structure factor, determined by the distribution of dislocation orientations with 

respect to the applied load, 

   2 2 2 2ˆ ˆ ˆ ˆ ˆ ˆ3 ( ) ( ) 3 ( ) ( ) .EMA

kl k l k lS b b b b       ts ts bs bs  

Using the estimates p


i  0.5, p


v = 0, Z
0

i  3, e
0

i  1.5, we get 

 Bkl ~ Skl
EMA

, 

that is the creep compliance is of the order of unity. This prediction is very similar to the estimates 

commonly reported for the in-reactor creep modulus in experimental publications, which was 

considered for some time as a justification for this mechanism. However, later on it became clear 

that the point defect generation rate by fast neutrons is overestimated by nearly an order of 

magnitude, when estimated using the common standards, and thus the analytical prediction of the 
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creep compliance value should be at least an order of magnitude higher in order to fit experimental 

observations. This cannot be achieved by varying parameters entering (2.36) within reasonable 

limits. Together with the above mentioned inconsistency in the prediction of limiting stress  *, this 

rules out stress-induced elastic modulus anisotropy as a relevant mechanism of irradiation 

creep.  

In the case of stress-induced diffusion anisotropy the stress-induced modification of dislocation 

bias depends on the dislocation orientation with respect not only to the stress, but to the crystal 

lattice as well. In a monocrystal, the creep compliance has the form [334] 

    (2) (2) (2) (3) (3) (3)3
,

4

s s s s

kl i i v v kl i i v v kl

B

K
B e d e d S e d e d S

k T


    
 

 (2.37) 

where Skl
(2)

 and Skl
(3)

 are structure factors, defined as 

 (2) 2 2ˆ ˆ ˆ ˆ( ) ( )kl k l k lS b b b b ts ts  (2.38) 

and 

  
3

(3) 2 2 2

1

ˆ ˆ ˆ ˆ( ) ( ) ( ) ,kl p k l p k l p

p

S b b b b


  e s e t e t  (2.39) 

while other variables are the same as in section 3.2.1.2.2. An estimate of the creep compliance in 

steel at T = 300 
o
C using the point defect polarization data from [337] (see also Table 3.1) gives, , 

 (2) (3)20 7 ,DA

kl kl klB S S   

for copper and, 

 (2) (3)70( )DA

kl kl klB S S  . 

for -iron. In the latter case the identical coefficients before structure factors constitute a general 

feature of bcc metals, where d
(2)

 = - d
(3)

 due to the specific point defect symmetry in the saddle 

points of diffusion jumps [343].  

One of the most interesting features of equation (2.39) is the prediction of the creep compliance 

dependence on load orientation with respect to the crystal axes, the effect being most pronounced in 

bcc materials [323]. This dependence provides a direct way for the experimental validity check of 

the elastodiffusion mechanism of irradiation creep. Moreover, the experimentally obtained values of 

creep compliance can be used to estimate the parameters of anisotropic point defect diffusion in 

particular materials. Yet, to our knowledge, nobody tried to use this possibility up to now. 
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In polycrystalline materials the expression for creep compliance should be additionally averaged 

over different grain orientations (that is - over ep in (2.39)). Assuming the isotropy of grain 

orientations, one gets 

(3) (2)2

5
kl klS S  

so that the dependence on the stress orientation with respect to lattice orientation is completely lost. 

Since at temperatures up to 1000
o
C the relation /kBT » 1 holds, the value of creep compliance 

for the elastodiffusion mechanism correlates reasonably well with experimental predictions, 

making it the most probable mechanisms for SIPA-type irradiation creep [322,323]. 

Finally, in the framework of mechanism based on the stress effect on point defect absorption by 

dislocations the bias factors Z are given by eq. (2.28). In linear approximation in  each of three 

multipliers in the right hand part of eq. (2.28) depend on the dislocation orientation with respect to 

loading direction. However, the contribution to the creep compliance from Cj vanishes because this 

parameter is independent of the point defect type. The stress enhanced jog nucleation affects the 

creep compliance only through the dependence of the factors 
k
 on the jog concentration [325] 
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 (2.40) 

where 2 2ˆ ˆ ( ( ) ( ) )EJN

kl k l j jS b b      bs bs , j = 1 when a dislocation absorbs predominantly 

interstitials, or j = -1 in the opposite case. Taking i~ v ~ 5 [325],  = 2, e
0

i  1,5, and |e
0

v| = 0.5, 

we obtain 

 0.03 .EJN

kl kl

B

B S
k T


  

The contribution to creep compliance from the orientational anisotropy of pipe diffusion of point 

defects along dislocation cores, eq. (2.31), equals to 

 
, ,( ) ,
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d PDA d PDA

kl i i kl v v kl
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B e S e S
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
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where e
d
 = V

d
/ , K is the bulk modulus of material, and the structure factors are defined as 

 , ,11 ,11
ˆ ˆ ( )PDA d d

kl k lS b b p p      . (2.42) 
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Here ,11

dp  is the component of polarization tensor in the coordinate system with the axis 1 

coinciding with the load direction. Information about polarization tensors of point defects in 

dislocation core is practically lacking in the literature. A very rough estimate of  

 0.03 .kl

B

B
k T


  

can be obtained using the results for the effect of external load on vacancy diffusion along 

dislocations of the type a<100>{001} in -Fe [344] and assuming isotropic distribution of 

dislocations over orientations. That is, the contribution to the irradiation creep compliance from 

the stress effect on point defect absorption by dislocation is expected to be comparable to that 

from elastodiffusion. 

Finally, it is worth mentioning that, whatever the bias factor anisotropy mechanism, the resulting 

creep compliance is sensitive (via structure factors) to the dislocation distribution in the material. In 

order to get a feeling of the importance of the account of dislocation distribution for irradiation 

creep predictions, let us compare two representative situations: (i) completely isotropic distribution 

of dislocations over orientations, and (ii) "cubic" distribution of dislocations over orientations with 

three different dislocation types, namely dislocations which are perpendicular to the loading axis 

with the Burgers vector along (k = 1) and normally (k =  2) to this axis, and dislocations which lie 

along the loading axis with the Burgers vector normal to this axis (k = 3). The values for the 

structure factor component Snn that corresponds to creep along the loading axis are summarized for 

these two dislocation distributions in Table 3.2. 

Table 3.2  

Structural factors Snn for various mechanisms of point defect absorption by dislocation 

Dislocation 

distribution 

Irradiation creep 

Thermal 

creep, S
T

nn 
Elastic modulus 

modification, 

S
EMA

nn 

Bulk diffusion 

anisotropy, 

 S
(2)

nn 

Dislocation core 

diffusion anisotropy, * 

S
PDA

,nn 

Fully isotropic 
2(2 )

15


 

2

45
  ,11

2
( 1)

15

dp   
4

45
 

Cubic 3f1(1-f1-f3) -f1f3 
1 2 ,11 ,22

3 ,11 ,33

{ ( )

( ))

d d

d d

f f p p

f p p

 

 

 


 f1(1-f1) 

* Contribution from one type of point defects 
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One can see that in the case of "cubic" distribution of dislocations over orientations the maximum 

value of creep rate along the loading axis is reached at noticeably anisotropic distribution of 

dislocations over orientations. It is interesting that an anisotropic dislocation distribution (with f1 > 

f2, f3) is very typical for the dislocation density evolution at the transient stage of irradiation creep 

[170]. If pronounced, such anisotropy can noticeably decrease the structure factor as compared to 

the dislocation equi-partition over orientations. 

3.2.1.3.4 Irradiation creep dependence on the irradiation temperature 

In this section we restrict ourselves to the isotropic distribution of dislocations over orientations and 

consider only the component of strain rate along the loading axis. 
11

I . We also assume that the 

temperatures are always below the critical value T**, above which the thermal creep dominates. 

In the temperature region of interest, the temperature dependence of irradiation creep rate is largely 

determined by the function  entering equation (2.34). One generally meets two temperature 

ranges, separated by a certain temperature T*. At temperatures T > T*, where point defects are 

mostly absorbed by dislocations,   1 and the temperature dependence of irradiation creep is that 

of the creep compliance, i.e. relatively weak. On the contrary, at low temperatures (T < T*) the 

basic mode of point defect annealing is their mutual recombination and the temperature dependence 

is dominated by an exponential term,  

 11 exp .
2

I mv

B

E

k T


 
  

 
 (2.43) 

The transition temperature T* can be defined from the condition G~GR, which gives  

 
0 0 2 2

* 1 0ln .
4

i v v
B mv

R

Z Z D a
k T E

G





  
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 (2.44) 

An estimate of T* at typical parameter values Dv0 = 1 cm
2
/s,  = 310

10
 cm

-2
, a = 0.2 nm, R = 5, 

Z
0
  S

R
11 = S

T
11, and C

R
 = 0.1 gives (assuming in-reactor point defect generation rates of G  10

-7
 

dpa/s): 

kBT * ~ Emv/40. 

The vacancy migration energy normally falls within the range 6.5 - 8 kBTm [345], hence the 

homologous critical temperature is T*/Tm ~ 0.16-0.2. 

The range of intermediate temperatures, T* < T < T** is the most interesting one from the practical 

point of view. In this range the temperature dependence of the irradiation creep rate is 
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determined entirely by the specific physical mechanism, causing the anisotropy of point defect 

distribution between differently oriented dislocations. The mechanism of elastic modulus 

anisotropy predicts no dependence of the irradiation creep rate on temperature, whereas the 

mechanisms based on the stress-induced anisotropy of point defect migration processes give 

1DC

ij T   [323,34]. Unfortunately, in experimental conditions it is hard to reliably discern between 

these possibilities, because the creep rate variations predicted by different models in the specified 

temperature interval are relatively weak and can be disguised by the scatter of experimental points.  

 

3.2.2 Creep mechanisms based on climb-controlled dislocation glide 

3.2.2.1 Dislocation glide through a system of barriers 

 Dislocation glide in perfect crystals starts when the resolved shear stress in the dislocation 

glide plane exceeds a certain threshold value (Peierls barrier [284]) and the glide velocity Vg0 is 

extremely fast (of the order of the sound velocity). However, in real metals the average glide 

velocity of dislocation, Vg, is usually much less than Vg0, due to the presence of various obstacles on 

the dislocation glide plane (impurity atoms, precipitates, voids, dislocation loops, other dislocations, 

etc.). These obstacles serve as barriers hindering the glide. As a result, the limiting step in the 

dislocation glide motion is not the glide itself, but the barrier overcoming. A dislocation can 

come over a barrier either thermofluctuatively, or climbing into a parallel glide plane, where 

the current barrier is no more operative. For qualitative understanding of the physical picture it 

will be sufficient to restrict ourselves to the case where barriers of only one kind are present in the 

material, because even in a multi-barrier situation only the most strong barrier system limits the 

average dislocation slide velocity [346,347]. 

If the average time required for a dislocation to overcome a barrier is b and the average distance 

glided by a dislocation between consecutive pinning barriers in the glide plane is Lg, then the total 

time spent by a dislocation in order to shift from one barrier to the next one is  = b + (Lg/Vg0), 

while the average glide velocity is 

 0
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g g
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The average time required for a dislocation to overcome a barrier can usually be defined as 
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where d0 is the attempt frequency, Ub is the activation energy to overcome the barrier, Vc is the 

average climb velocity, and h is the barrier geometrical "height". Strictly speaking, this relation is 

not the most general one and can be further modified when special effects are to be considered. For 

example, if the barrier height changes with time (which is the case for e.g. dislocation loops, voids 

and precipitates), then the dislocation climb velocity in the r.h.s. of (2.45) should be replaced with 

the difference |Vc| - (dh/dt) [348,349]. On the other hand, especially when the barrier heights are of 

the order of interatomic distance, the dislocation climb velocity can be limited not by the average 

value Vc, but by local climb of pinned dislocation segment due to the short-term currents of point 

defects from nearby cascades of atomic collisions [350-353]. However, these additional corrections 

can be of importance only in special conditions and are not considered here. 

In the absence of irradiation, the glide barriers are mainly overcome by various kinds of 

thermal fluctuation processes [284], while the climb contribution can be important only when the 

barriers are too strong and the stresses sufficiently high to provide substantial redistribution of 

thermal vacancies between differently oriented dislocations. Irradiation creates in material high 

supersaturations of point defects and barriers are overcome predominantly by dislocation 

climbing into a parallel glide plane. On the other hand, the climb velocities are usually quite low, so 

that the relation h/Vc » Lg/Vg0 holds. As a result, the average dislocation glide velocity under 

irradiation is usually limited by climb over barriers and provides the following contribution to the 

irradiation creep rate (as determined by the second term in the r.h.s. of equation (2.11)): 

 
1 ˆ ˆ( ) ,
2

gI

kl i j i j c

L
b b n n b V

h
    (2.46) 

A relation of this kind was first proposed (without the averaging over dislocation orientations) for 

the description of thermal creep [354,355], but its derivation did not explicitly specify the 

mechanism of dislocation climb and so it is equally valid for irradiation creep, provided appropriate 

parameter values are substituted [356-358]. 

As follows from relation (2.46), in order to find the irradiation creep rate in the framework of the 

climb-controlled glide model, it is necessary to know not only the dislocation climb rate, but also 

the "glide factor", Lg/h, determined by the type and the parameters of that barrier system, which 

provides the major hindrance for the glide.  
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3.2.2.1.1 The efficiency of dislocation stopping by barriers 

Various components of the defect microstructure of irradiated material are considered in the 

literature as obstacles for dislocation glide, including those not directly related to irradiation 

(impurity atoms [347], network dislocations [359], secondary phase precipitates [360,361]) and 

those arising as a result of irradiation (cascade depleted zones [357,362,363], dislocation loops 

[41,52,62,234,235], voids [362]). Each of these barrier types has its own efficiency of 

dislocation stopping, which is conveniently characterized by the value of a critical shear stress 

y, necessary for the athermal break-through of a dislocation through the ensemble of 

barriers. In fact, y characterizes the maximum stress, at which the given system of barriers can 

prevent the glide of dislocations. At larger stresses this barrier system becomes inactive. 

Let us consider a model where a straight edge dislocation glides under the action of external loading 

13 in the direction of axis 1 in a plane normal to axis 3, periodically hanging up at a regular grid of 

obstacles (see Fig. 3.2). The gliding dislocation is considered as a flexible string with a constant 

linear tension  (it is usually accepted that   b
2
/2 [365]). To simplify the discussion, let us 

assume that the obstacles form a square lattice in the glide plane and the distance between the 

neighbour barriers equals Lb.  

 

 

Fig. 3.2. A schematic representation of a dislocation gliding through the array of obstacles. 

 

In such a model the dislocation hangs up at an obstacle, if the following condition is satisfied 

 13 ,b bbL F   (2.47) 

where Fb is the resistance force of a single obstacle. As the dislocation hangs up at barriers, its free 

segments bend forward, reaching the curvature radius of Rc = /b13  b/213 [366]. Thus the force 

acting on an obstacle from two adjacent free dislocation segments is equal to F = 2 cos(/2), where 

1

2
3



Lb
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 is an angle between these adjacent dislocation segments. If, by analogy, we introduce a critical 

angle, b, such that Fb = 2 cos(b/2), the critical stress for dislocation unpinning can be written as 

 cos( / 2).y b

b

b

L
    (2.48) 

A somewhat more complicated situation arises when the barriers form a disordered array, e.g. they 

are completely randomly (though uniformly) distributed in space. In this case the average distance 

between barriers at a dislocation, Ls, depends on the applied shear stress as [367-369]: 

 

1/3
2

13

3
,b

s s

bL
L






 
  

 
 (2.49) 

where Lb is, as before, the average distance between barriers in the dislocation glide plane, and 

s~1, being only weakly dependent on stress (varying from s  0.9. at 130 to s  1,2 at 13y 

[369]). Hence,  

 
3/ 2

3/ 2

1
cos ( / 2).

3
y b

bs

b

L


 


  (2.50) 

It is interesting to note that this relation correlates qualitatively well with the empirical law received 

as a result of numerical simulation of dislocation break-through a system of randomly located point-

size obstacles [366]: 

 3/ 24
1 cos ( / 2).

5 4

b
y b

b

b

L


 



 
  

 
 (2.51) 

It is seen that the random arrangement of barriers results in the reduction of the critical stress in 

comparison with the ordered arrangement for all b and this reduction is the most essential for weak 

barriers (when b  ). 

The critical angle b differs for different barriers and can serve as an indicator of the relative 

strength of individual barriers. It is a common practice to separate barriers into three classes [370]: 

 weak barriers (cos(b/2) < 1/4): network dislocations, impurity atoms in fcc metals; 

 intermediate barriers (1/4 < cos(b/2) < 1/2): coherent precipitates, interstitial impurity atoms in 

bcc metals; 

 strong barriers (cos(b/2) > 1/2): incoherent precipitates , Frank loops, voids. 
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The values of critical angles can be obtained experimentally, since y is nothing else than the yield 

stress. For example, for Frank dislocation loops an experimental estimate gives cos(b/2)  0.5-0.8, 

while for voids cos(b/2)  1 [371,372]. The estimate for voids correlates nicely with the numerical 

simulation prediction of cos (b/2)  0.95 [364]. 

One should keep in mind, however, that when a material contains several different barrier types, the 

selection of the obstacle systems dominating the dislocation stopping depends not only on the 

strength of individual obstacles, but also on their density in the glide plane, because, as follows 

from (2.48), a large number of weak barriers can hinder the glide of a dislocation more effectively, 

than a small number of strong obstacles.  

Let us estimate the value y for the principal components of defect structure present in the material 

at various stages of irradiation creep. 

- For network dislocations Lb  ()
-1/2

, which gives y/  10
-3

 -10
-4

 at typical values of b = 5/6 

[347] and  = 10
8
:- 10

10
 cm

-2
. These estimates correspond to the lower limit of loads used in 

irradiation creep experiments, so the stopping of gliding dislocations by dislocation "forest" is 

rather of theoretical interest. 

- For three-dimensional barriers (point defects, small clusters thereof, phase particles, voids, 

faulted loops, etc.), which are randomly distributed in the bulk of the material and have 

characteristic size h and volume density Nb, the average distance between barriers in a glide 

plane is given by 

 1/ 2( )b bL N h   (2.52) 

So for voids and faulted dislocation loops, which are strong barriers for dislocation glide 

(cos(b/2)  1) and have characteristic density Nb ~ 10
15

 cm
-3

 and sizes h ~ 10-100 nm, we have 

y/  10
-3

, i.e. at relevant experimental stresses such sinks efficiently hinder dislocation glide 

only when they are sufficiently large. Indeed, measurements of material hardness (the most 

direct indication of dislocation mobility) show that a certain increase of hardness in void-

containing alloys occurs only at higher swelling levels [373]. 

- In the case of impurity atoms, h ~ b and y/  Cs
1/2

 cos(b/2), where Cs is the atomic 

concentration of impurity. If the barrier strength of the impurity is not extremely low and the 

impurity concentration is in the percent range, impurity atoms act as the principal barriers for 

dislocation glide. At the same time, if in the course of irradiation the impurity atoms precipitate 

in the form of secondary phases (such that Nbh
3
 ~ Cs), one gets y/  h

-1
, i.e. with the increase 
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of the size of precipitates and, correspondingly, with the solid solution depletion (at the fixed 

total impurity content) the efficiency of material hardening by impurity falls down. 

3.2.2.1.2 The average dislocation glide distance  

Let us consider an edge dislocation, oriented with respect to coordinate system as shown in Fig. 3.2. 

Initially (in an unloaded material) it is assumed to be straight and not fixed by barriers. Application 

of a shear stress 13 (sufficient to overcome the Peierls barrier) makes the dislocation glide until it is 

reaches the nearest obstacles and bends forward between them. When the barriers are sufficiently 

strong to pin the dislocation at the applied stress level, no further glide in the same plane is allowed 

and the strains due to dislocation segment bending are recoverable. If the barrier system is ordered 

and the critical angle b for dislocation unpinning from barriers is not too close to zero, the average 

deflection Le of a pinned dislocation segment grows linearly with the stress level [374,375] 

 
2

13 13~ .
4

b
e

y

L
L

b

 

 
   (2.53) 

Following [359], this average deflection Le is often treated as the dislocation glide distance (see 

e.g. [358]). However, such assumption is incorrect. Indeed, overcoming (e.g. by climb) the first 

chain of barriers, the dislocation hangs up on a similar set of barriers in the new glide plane, 

keeping, on the average, the same deflection. Hence, the dislocation glide distance is simply the 

average distance between barriers in the glide plane (Lg = Lb ~ Cb
-1/3

, where Cb is the atomic 

concentration of the barriers) and does not depend on the load level up to 13 = y. 

A more complicated situation arises, when the barriers are randomly distributed in space. In 

this case the force acting on each particular barrier can vary depending on the positions of 

neighbouring barriers. As a result, the stresses necessary to overcome some of the barriers can 

be less than the critical stress and the athermal unpinning of a dislocation from these barriers 

occurs even before the stress level of y is achieved. In turn, the released dislocation segments act 

with increased force on the neighbouring barriers (since these forces are proportional to the length 

of the free dislocation segment), resulting in a series of correlated unpinning acts ("unzipping" 

effect [376]). Due to the unzipping effect, the dislocation unpinned from the obstacles can glide, 

on the average, further than the average inter-barrier distance before it is captured by 

barriers in the new glide plane. It is clear, however, that this effect should be noticeable only for 

stresses sufficiently close to y. Indeed, numerical simulations of a dislocation break-through 

through a randomly distributed system of obstacles [347,377] indicate that at low stresses the 

progress of dislocation is limited by the deflection of its pinned segments according to relation 
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(2.53), whereas at sufficiently large stresses (13 > 0.5y) the dislocation can cover after a single 

unpinning act the distances exceeding Lb.  

Thus, the dislocation glide distance in the case 13 < y can be described by relation  

 13 ,g b

y

L L




 
   

 

 (2.54) 

where (x) = 1 at x up to unity in the case of ordered obstacle system. In the case of random 

obstacle distribution (x) = 1 only provided x < 0.5, while for higher values of x the increase of  

with increasing x is predicted, as shown in Fig. 3.3.  

 

Fig. 3.3. The average dislocation glide distance as a function of shear stress in the dislocation glide plane 

(according to [347])  

 

3.2.2.1.3 Barrier heights 

The height of barriers h is determined by two factors, namely by the actual geometrical size of 

the barrier and by the strength and extension of its elastic field. In the subsequent discussion it 

makes sense to distinguish between two-dimensional barriers ("forest" dislocation) and three-

dimensional ones (impurity atoms, secondary phase precipitates, dislocation loops, voids, etc.). 

For "forest" dislocations the principal contribution to h comes, obviously, from the own length of a 

dislocation. In the literature it is usually postulated that h is of the order of the average distance 

between dislocations, i.e. h  ()
-1/2

 [359]. However, such choice is arbitrary. It seems more 

consistent to assume that in this case h is infinite (in real-life materials - comparable to the grain 

size), and so "forest" dislocations are overcome, most likely, by mechanisms providing no 

contribution to the irradiation component of creep. 
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In the case of three-dimensional obstacles the barrier height can be limited either by the own size of 

the barrier, or by the size of its elastic field. The latter is more typical for barriers with small cross-

section, but strong elastic fields, such as dislocation loops and some kinds of precipitates. The same 

situation is met when a gliding dislocation interacts with a parallel dislocation in a nearby gliding 

plane.  

In the case of stopping by elastic fields the barrier height can be estimated according to the 

approach proposed in [359]. Let us assume that a dislocation glides in a plane located at distance h 

from the center of a barrier, such that h exceeds the characteristic barrier size Rb. The dislocation is 

under the action of an external shear stress 13 and the resistance force from the barrier, Fb(h), 

which changes as the dislocation moves in the glide plane. Since the stresses from a three-

dimensional stress source fall down as h
-3

 and act on a dislocation segment of length ~ h, we get 

Fb(h)  h
-2

. Accordingly, the maximum force of dislocation pinning by the barrier can be written 

down as 

 
2

,
bmax

b b

V b
F A

h

 
  (2.55) 

where Vb is the volume misfit of the obstacles causing elastic stresses in the matrix, and Ab is a 

numerical factor determined by a particular kind of the interaction law between the barrier and the 

gliding dislocation. Fig. 3.4 shows the simplest law of interaction of an edge dislocation with a 

point center of dilatation in an isotropic material. Here, as can be easily checked,    
 √ 

  
     . 

However, the account of anisotropy of both the force tensor of a point defect and the elastic 

constants of material can result in much more complicated forms of the interaction law [378]. In 

such cases, the calculation of parameter Ab is a separate task requiring the application of numerical 

methods. 

 

Fig. 3.4. The force acting on an edge dislocation, gliding past an isotropic dilatation center 

 

13bLb

Fb

Fb

max

h

x
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The minimum distance from the glide plane to the barrier that allows the dislocation to pass by the 

barrier without being pinned up (i.e. the height of the barrier h) is defined by the exact balance 

between the maximum pinning force Fb
max

(h) and the force from the external loading, i.e. 

 max

13( ) .b bF h bL  (2.56) 

Combining relations (2.49), (2.52) and (2.56), we get 
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 (2.57) 

where 0 = (Ab
3
/3s

3
)
1/ 5

. 

Relation (2.57) for the barrier height remains valid as long as the stress remains below a certain 

critical value yh, which can be easily determined by substitution of (2.57) into the relation h = Rb, 

where the factor  accounts for the relative orientation of the dislocation and the barrier ( = 1 for 

spherically symmetric stress sources and  < 1 for dislocation loops). For the most interesting case 

of point-size barriers (impurity atoms) it is possible to set  = s = 1, Ab  = 0.2, Rb = b, and Vb = 

eb, where eb is the absolute value of the point defect dilatation, so that 

 
   

 
~      

  ⁄   
  ⁄

. (2.58) 

Note that at eb ~ 1 the value of yh is comparable to y. 

At 13 > yh the elastic fields of the barriers do not stop dislocation glide and the dislocation can be 

stopped only by the barriers themselves, i.e. at high stresses one has 

 .bh R  (2.59) 

3.2.2.1.4 The glide factor 

Remaining at stresses not too close to y, it is possible to set  = 1 in equation (2.54). Then, taking 

into account (2.52), 

 
3 1/ 2/ ( ) .g bL h N h   (2.60) 

For the case of dislocation pinning by elastic fields of barriers (that is - at low stresses, 13 < yh) 
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 (2.61) 

A relation similar to (2.61) was first proposed in [234]. 



MatISSE – D2.41 – revision 1 issued on 29/04/2015 

 

61 

When dislocations are stopped by the barriers themselves and the load is not too close to y, one has 

  
1/ 2

3/ 2 3g

b b

L
N R

h



  (2.62) 

independentLY of the applied load.  

In addition to the laws above, one can find other expressions for the glide factor, which are 

generally presented in the form of power laws in stress, that is 

 13
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



 
  

 
, (2.63) 

where both the prefactor g and the power m depend on the particular system considered of glide 

barriers and on the possibility for gliding dislocation to form pile ups. Most often m =1 is suggested, 

though one can find other values as well (e.g. m = 0.5 [235] or m = 1.2 [234]). 

3.2.2.2 Irradiation creep rates due to climb-controlled dislocation glide 

The obtained expressions for the "glide factor" make it possible to estimate the contribution to 

irradiation creep from the climb-controlled glide (CCG). Substituting (2.19) and (2.63) into (2.46), 

and using the general representation of bias factors in the form of (2.33), one obtains for the climb-

induced glide contribution to irradiation creep 
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 (2.64) 

where the creep compliance G

klB  is 

  ˆ ˆ ˆ( ) ( )( )
2

m
gG

kl k l k l i v i vB b n n b


        ts bs . (2.65) 

The most important feature of the irradiation creep rate in the case of climb-controlled glide 

is the non-linear dependence on the stress. Due to the relation / « 1, the CCG mechanism is 

weaker than SIPA type mechanisms at sufficiently low stresses, but a change of dominating 

mechanism of irradiation creep is possible at large stresses, due to both the stress nonlinearity 

and the fact that the prefactor g usually noticeably exceeds unity. This mechanism change is 

usually invoked to rationalize the stress exponents in the range 1<m<2, as observed at the stresses 

above a certain level * (see sect. 2.2.2.2). An example of such situation is presented in Fig. 3.5. 
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Fig. 3.5. Comparison of creep rate between theoretical values and the experimental ones, as a 

function of stress. The hatched area indicates the experimental values of the 7807 alloy and 

type 316 SS. The symbol * denotes the critical stress. (From [278]). 

 

As an example of determination of the creep compliance, let us consider the case in which the 

dislocation distribution over orientations is completely isotropic and the stress affects dislocation 

bias factors via the modification of point defect elastic moduli. Then the following estimate for the 

creep compliance component in the stress direction G

nnB  holds 
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where G

nnS  is the structure factor. The estimates of the structure factor are not as trivial as in the case 

of SIPA-type mechanisms and are not found in the literature. One can expect, however, that it is 

noticeably less than for SIPA creep compliance.  

 

3.3 Primary (transient) irradiation creep 

3.3.1. Dislocation loop kinetics 

As discussed in sect. 2, at the transient stage of irradiation creep the strain rate is determined by a 

combined effect from the dislocation network and the growing dislocation loops. The addition of 

dislocation loops to the defect microstructure can influence irradiation creep in two ways. First of 
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all, the volume densities of nucleated Frank loops can depend on loop orientation with respect 

to the loading direction. Usually this effect is described as [379]: 

 0 exp ,k k nn

B

m
N N

k T

  
  

 
 (2.66) 

where N
k
0 is the volume density of k-type loops without loading, nn  is the component of stress 

deviator tensor normal to the loop extra-plane, and m = 2-3. It is interesting that such dependence is 

observed in some electron microscopy studies [145,168,177,250,380-385] (though not always 

[91,93,129]), but its explanation is not at all obvious. Initially this kind of stress dependence was 

assumed to result from the effect of the stress on the free energy barrier for loop nucleation (stress-

induced preferential nucleation, SIPN). However, in the case of interstitial dislocation loops the 

formation of a critical nucleus (di-interstitial) involves no kinetic barrier. Probably, more 

adequate is to relate this effect [111] to rotation of small interstitial clusters (of only several 

interstitial atoms) into an energetically more favourable orientation with respect to the 

applied load. Indeed, a possibility of thermally activated changes of the Burgers vector of di- and 

tri-interstitial clusters were observed in MD simulation studies [386-389]. 

The SIPN of dislocation loops was one of the first microstructural mechanisms proposed for the 

explanation of irradiation creep [390]. However, being considered as an independent creep 

mechanism, SIPN is a poor alternative to mechanisms of SIPA type. Indeed, the nucleation of 

extra loops with a preferred orientation contributes only weakly to the strain of material [234,379]. 

The subsequent growth of these loops can result in a certain amount of creep [236], but the creep 

rate of a material in this model (as well as in any model based on the initial anisotropy of loop 

orientations, such as models where the loop anisotropy is a consequence of preferred unfaulting 

reaction of small Frank loops [391]) should depend only on stresses acting during loop nucleation, 

and not on the instantaneous stress values. Since loop nucleation occurs for very short time, such 

models would predict no creep if the material is loaded at some time after the onset of 

irradiation [236]. The load variation during irradiation (down to complete unloading) should 

also have no effect on the creep rate. Both these consequences of SIPN model contradict 

observations. Moreover, the anisotropic nucleation of loops can be manifested only as long as 

the loops are present, i.e. SIPN can not operate beyond the transient stage of irradiation 

creep. A contribution of SIPN can be expected, at best, at small doses of irradiation in well 

annealed materials with very low initial density of other point defect sinks [392]. 
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Much more productive seems to be the idea to combine SIPN with SIPA-type mechanisms, 

which ensure the sensitivity of point defect absorption to the loop orientation and thus affect 

the growth of differently oriented loops.  

For the analytical description of dislocation loop kinetics at the early stages of irradiation creep it is 

necessary to modify the point defect balance equations (2.15), so as to include the growth of 

dislocation loops. Since the majority of loops nucleate at very short times, one can assume that the 

loop number density NL instantly saturates at a constant value and the distribution of loops over 

sizes is sufficiently narrow in order to assign all loops of the same orientation m approximately the 

same size R
m
. Then the rate of growth for dislocation loops can be written down as 

  1

0( ) ,
m

m m m

i i i v v v v

dR
V b DC D C C

dt
      (2.67) 

where m
 is the dislocation loop bias factor for point defects of type at the loops with orientation 

m. The balance equations can be rewritten as  

 2

0( ) ( ) 0,R i v i vG k D C C D D C C          (2.68) 

where k
2
 = <Z> + 2NL<R> is the total sink strength for point defects that takes into account 

both network dislocations and dislocation loops. Since here we are not interested in the contribution 

of loops to thermal creep, the dependence of thermal vacancy concentration on the loop size and 

orientation is neglected. 

Combining these equations, the following expression for the dislocation loop growth rate can be 

obtained [393]: 
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where A
m
 = i

m
 <Zv > -v

m
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 <R i>)/<R>; GR = ki

2
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2
Dv/4R; L = 

2NL<R> is the total dislocation density in loops and function  is the same as in equation (2.19).  

Looking at eq. (2.69) it is easy to notice the loop kinetics is defined by the competition of two 

processes: 

(i) diffusional interaction of loops with network dislocations, specified by the parameter A
m
. 

Usually A
m
 > 0 because dislocation loops interact with interstitials more efficiently than network 

dislocations [111,394]. The preferential interstitial absorption of loops with respect to network 

dislocations contributes to the growth of all loops, independently of their orientation 
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(ii) diffusional interaction between loops of different orientations, specified by the parameter B
m
. 

the value of B
m
 is depends only on the loop bias factors and is the measure of diffusional 

interaction between the loops. When the external load is absent,  are independent of loop 

orientation and B
m
 = 0. Under the effect of external stress, the loop bias factors become sensitive 

to the loop orientations and B
m
 becomes non zero. As a result, there occurs a redistribution of 

point defects between "favourably" (at B
m
 > 0) and "unfavourably" (B

m
 < 0) oriented loops with 

respect to the loading direction. 

At the early stages of irradiation, when L is low, the first mechanism dominates and all loops grow 

due to their preferential absorption of interstitials with respect to network dislocations. For example, 

when network dislocations are perfect sinks for point defects and the temperature is sufficiently 

high to neglect the recombination of point defects, the dependence of the average loop radius R
m
 on 

the irradiation dose  is given by relation [393] 

 1/3(1 / ) 1 ,m

c cR R        (2.70) 

where Rc  0.1, /NL  1-10 nm and  c 10
2
- 10

32
a/NL 10

-5
- 10

-1
 dpa at   10

8
 -10

10
 cm

-2
, NL  

10
15

 cm
-3

 and a  0.2 nm. In other words, at small irradiation doses the growth of loops proceeds 

linearly with time, whereas at higher dose the growth rate slows down and at rather large doses R
m
 

  1/3
. Such qualitative behaviour of the loop sizes is quite typical for the experimental 

observations of loop kinetics in irradiated materials [150,395,396]. 

As loops become larger, the redistribution of point defects between loops becomes important. 

Accordingly, the unfavourably oriented loops tend to grow more slowly than those oriented 

favourably. This effect was also demonstrated experimentally [383,384], as well as in numerical 

calculations using cluster dynamics methods [397] (see Fig. 3.6).  

 

Fig. 3.6. Calculated dependencies of loop radius variation under the effect of uniaxial stresses of  0, 110 and 

220 MPa. Solid curves are for favourably oriented loops, dashed curves for unfavourably oriented 

loops. At zero stress the curves are superposed. (From [397]) 
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Moreover, as shown in [393], when the external tension exceeds some critical value , the defect 

redistribution between loops of different orientations can be so strong that at some dose the growth 

rate of unfavourably oriented loops becomes negative even before these loops build into the 

dislocation network. At larger doses of irradiation these loops can dissolve completely, creating 

strongly anisotropic dislocation distribution over orientations. The characteristic doses of loop 

dissolution are of the order of R 10
-93/NL

3
, while the maximum size of unfavourably 

oriented loops is Rmax ~ 210
-3

 /NL. The shrinkage of unfavourably oriented loops is possible, 

where Rmax < ()
1/2

, or, equivalently 

 
3/ 2

10 1.LN 

 
 (2.71) 

This relation gives immediately the estimate of 510
-3 for the minimum stress required for the 

observation of loop dissolution [393]. At   10
8
 cm

-2
, /  510

-3
 and G = 10

-3
 dpa/s the 

characteristic time of loop redistribution is of the order of 10
4
-10

5
 s, that is, this effect can be 

demonstrated in annealed materials under irradiation in HVEM.  

The dissolution of dislocation loops was experimentally observed in annealed nickel samples, 

irradiated in electron microscope [396]. The rate of damage creation in that experiment reached 

210
-3

 dpa/s and the loads reached 50 MPa (corresponding to /  610
-3

). Though the volume 

density of loops was not reported, a rough estimate based on electron micrographs presented in 

[396] gives NL  10
15

 cm
-3

. In other words, the set of experimental parameters satisfied relation 

(2.71). The kinetics of growth of several separate loops is shown in Fig. 3.7. 

 

Fig. 3.7. The dependence of individual loop sizes in electron irradiated Ni on irradiation time.  Numbers at 

the curves indicate the loops shown in TEM micrographs (From [396]). 

 

~ 
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3.3.2 Irradiation creep rate 

The first stage of loop kinetics, when loops grow mainly due to their diffusional interaction with 

dislocations, corresponds to the transient creep [393]. The character of dose dependence of 

irradiation creep is highly sensitive at this stage to the mechanisms, leading to point defect 

absorption bias for loops and dislocations, and to the possible orientational anisotropy of loop 

nucleation. Fig. 3.8 shows some trends that are predicted by the theoretical investigation of 

irradiation creep at the transient stage. 

 

Fig. 3.8. The qualitative behaviour of irradiation creep modulus (normalized per steady-state value) as a 

function of time t at the transient stage, as predicted by different models. (1) no preferential 

nucleation of aligned dislocation loops; (2) preferential nucleation of aligned dislocation loops; (3) 

accounting for dislocation core effects on point defect absorption (from [393]). 

 

When the mechanisms leading to absorption bias are identical for loops and dislocations and the 

orientational dependence of loop nucleation is neglected, than the creep rate is weakly sensitive to 

dose. Physically this is evident, because in this case there is no difference between loops and 

dislocations with respect to their ability to capture point defects (i.e.  ), while the variations 

of relative densities f
m
 of dislocation loops and dislocations at the initial stage of loop growth is 

insignificant (even though the absolute values of dislocation densities,  
 and L, can vary rather 

strongly).  

In fact, in many papers dealing with irradiation creep the dislocations and loops are not even 

considered as alternative point defect sinks. The basic drawback of such models is the lack of any 

intrinsic reason why dislocation loops would grow. To overcome this problem, the presence of other 

sinks is postulated. Usually voids are considered to play the role of alternative sinks, but this does 

not seem reasonable, because dislocation loops and voids are microstructural components, 

characteristic for different stages of creep. In order to be successful in the explanation of the 
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transient creep, the models should take into account (one way or another) some essential differences 

between network dislocations and dislocation loops.  

For example, a strong dose dependence of irradiation creep at the transient  stage is predicted when 

the loop nucleation dependence on stress orientation is taken into account (see curve 2 in Fig 3.8). 

At sufficiently high temperature, when the recombination of point defects is negligible, the rate of 

irradiation creep during some time of irradiation (~0.1Фc) grows practically linearly with dose, and 

then gradually decreases. It is interesting to compare this analytical prediction to results of Ref. 

[257], where the creep of annealed Al was investigated at 40-150
o
C during irradiation with 2 MeV 

electron beam (defect production rate G ~ 10
-9

 dpa/s). The authors of [26] unequivocally assign the 

observed irradiation creep to the processes of interstitial loop growth (with loop density NL ~ 10
15

 

cm
-3

) and to the climb of dislocations. It is easy to check that the experimental conditions allow 

point defect recombination to be neglected. Accordingly, the general behaviour of the dose 

dependence of irradiation creep rate, observed in this paper (see Fig. 2.1(b)), resembles very much 

that in Fig. 3.8. The measured time of the creep rate increase also correlates well with the 

theoretical estimate, which for the specified values of G and NL and for dislocation density of 10
8
 

cm
-2

 (as typical for annealed metals) constitutes ~10
4
 s.  

The irradiation creep rate noticeably falls with increasing dose also where the mechanisms of point 

defect absorption bias differ for loops and dislocations. In particular, curve 3 in Fig. 3.8 shows the 

behavior of irradiation creep rate when the bias of loops is due to point defect elastic modulus 

anisotropy effects, while the bias of dislocations is sensitive to the limitation in the point defect 

capture by dislocation core. In the latter case the asymmetry of loop nucleation changes only the 

magnitude, but not the general behavior of irradiation creep rate. In any case, the effect of 

orientational dependence of loop nucleation is manifested only at the transient stage of 

irradiation creep. 

3.4 Accelerated creep and the interrelation between irradiation creep and swelling  

The evolution of the dislocation system is often accompanied by the evolution of other defects 

(voids, bubbles, secondary phases) in irradiated materials and this evolution can cuase the 

deformation of the material, resulting in volume change. Sometimes this deformation is completely 

elastic. A typical example involves the volume changes accompanying irradiation-induced phase 

precipitation in alloys [85,247, 398-400]. Such volume changes are not related to dislocation motion 

and are not taken into account here. One should, however, be aware of such possibility when 
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comparing the theoretical predictions with experimental results, in order to avoid data 

misinterpretation [204].  

However, defect microstructure kinetics can also directly affect the dislocation climb rate. 

This happens, in particular, at the third stage of irradiation creep, which involves void and 

gas bubble growth. Let us discuss, how the development of void ensembles at large irradiation 

doses affects the rate of material deformation. Similar to the case of steady state creep, we start with 

the effect of voids on the dislocation climb and after that consider climb-controlled dislocation 

glide. 

3.4.1 The effect of swelling on SIPA-type creep mechanisms 

3.4.1.1 Separation of the total strain rate into contributions from creep and swelling 

Let us restrict ourselves to a simple model, where only dislocations and voids constitute the defect 

microstructure of a material. Like before, we assume that there are K different dislocation 

orientations and the corresponding partial dislocation densities k
 (1 k K) are maintained at a 

constant level. All voids are assumed to have the same radius Rc, and the volume density of voids 

Nc is assumed to reach a saturation value. The latter is not too strong an approximation, because the 

void density saturation occurs relatively quickly after the swelling onset. 

The climb velocity of a dislocation of the k-th orientation is given by equation (2.14), while the rate 

of void growth is described by common relations  

  0

1
( ) .c

v v v i i

c

dR
D C C DC

dt R
    (2.72) 

The average point defect concentrations, C, are given by the balance equations 

 2

0( ) 0,G k D C C       (2.73) 

where k
2
  = <Z> + 4NcRc is the sink strength for the -type point defects. In writing down 

(2.73) we neglected point defect recombination, since it is of secondary importance in the 

temperature range where swelling arises. Also, the dependence of thermal emission of vacancies 

from sinks on sink parameters is neglected, since it gives no contribution to SIPA irradiation creep.  

The total strain rate of the material due to dislocation climb, ij  (i,j = 1,2,3), is determined by the 

first term in the r.h.s. of equation (2.11), while the rate of volume change (the swelling rate) S  is 

equal to 
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 ,ijS Tr b V    (2.74) 

where <V> is the average dislocation climb rate.  

Equation (2.74) deserves a short comment, which is important for the discussion below. It is very 

often assumed that the swelling of material is caused by vacancy agglomeration into voids. 

However, from the microscopic point of view, neither vacancies, nor voids per se lead to the 

swelling of material. The real reason for the volume increase comes from the fact that dislocations 

capture interstitials more efficiently than vacancies, while the excess vacancies are consumed by 

void. As a result, the average dislocation climb rate is non-zero and contributes to the swelling 

according to (2.74). The total volume increase is, of course, equal to the total amount of vacancies 

in the material, the absolute majority of which at the steady-state swelling stage is collected in 

voids. 

Equation (2.11) gives the total strain rate of the irradiated material, which is usually the only 

measurable quantity and comprises the contributions from both swelling, 
S

ij , and irradiation 

creep itself, 
I

ij . Though such separation of volume conserving (creep) and non-conserving 

(swelling) strains is a common practice (see the discussion of swelling and creep correlation in-

sect. 2.1.3), one should be aware that it is largely arbitrary. Following this convention, the 

irradiation creep term is usually written as 

 
1ˆ ˆ( ).
3

I

ij i j c ij cb bb V V     (2.75) 

where ij is Kronecker's delta. Writing this relation, one implicitly assumes that swelling is 

completely isotropic. This assumption seems quite evident, supported by a long-term tradition to 

associate swelling with the growth of voids, which are spherical. Nonetheless, it is not the best 

choice even when the dislocation structure is isotropic [103]. When it is anisotropic, additional 

complications arise, because the swelling-induced strains can become anisotropic as well. 

Indeed, let us assume that no external stress is acting on the material. Then all dislocations climb at 

the same rate Vc = <V> irrespective to their orientation and thus the equation for the total strain rate 

(which coincides now with the rate of macroscopic strain variation due to swelling 
S

ij ) can be re-

written as 

 ˆ ˆ ,S

ij i j cb bb V   (2.76) 
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Note that, when the dislocation structure is isotropic, this equation is reduced to the familiar relation 

/ 3S

ij ijS  . However, if for some reason the dislocation structure is anisotropic, the swelling can 

be responsible not only for volume changes, but for a shape change as well.  

When an external load is applied, it still seems reasonable to retain (2.76) as a definition of the 

swelling-induced strain rate. Then the irradiation creep rate can be written as [103] 

 ˆ ˆ ˆ ˆ( ).I

ij i j c i j cb bb V bb V    (2.77) 

As will be shown below, different definitions of the "pure" creep strains can result in quite 

different conclusions concerning the irradiation creep behaviour at the late stages of 

irradiation. 

3.4.1.2. Irradiation creep rate 

Substituting the values of point defect concentrations, as defined by equation (2.73), into (2.72) and 

(2.11), one easily obtains the relation between irradiation creep rate and swelling rate in the form of 

equation (2.3): 

 

2

2 2
,I i v

kl kl kl

i v

Z Z
P G Q S

k k


    (2.78) 

where the swelling rate is defined by a common relation 

 
2 2

4
,c c

i v

i v

N R
S Z Z G

k k

 
   (2.79) 

and the structure factors Pkl and Qkl are  

 ˆ ˆ i v
kl k l

i v

Z Z
P b b

Z Z

 
   

 
 (2.80) 

and 

 ˆ ˆ ˆ ˆ. i v
kl k l k l

i v

Z Z
Q b b b b

Z Z


 


 (2.81) 

If no external stress is applied to the material, then Z
k 

= Z
0
  and, since the stress-free bias factors 

Z
0
 are independent of the dislocation orientations, both structural factors vanish and no irradiation 

creep occurs. 
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Suppose now that the material is under the action of an external uniaxial stress  (the discussion of 

the general loading case can be found in [103]). When these stresses are lower than the 

characteristic stress value  (equal either to the material shear modulus  [315], or to kBT / 

[322,326]), the bias factors can be expanded to the first order in stresses, see eq. (2.33). Substituting 

this expansion into (2.80) and (2.81), and taking into account that the stress-free dislocation bias for 

interstitial absorption Z = (Zi
0
- Zv

0
)/(Zi

0 
+ Zv

0
) « 1, one obtains for the creep rate component along 

the loading axis : 

 ,I BG





  (2.82) 

with the creep compliance B being equal to 

 0
0 2

1 1
,

(1 ) 2c

dS
B B

r Z d

 
  

  
 (2.83) 

where  = Gt is the irradiation dose, 0S  is the stress-free swelling rate, 

 
0 2

2
,

(1 )

c

c

ZGr
S

r





 (2.84) 

rc = Rc/R* is the normalized void radius, *  4 /cR N Z  , 0 0( ) / 2i vZ Z Z   and B0 is the value 

of creep compliance in the absence of swelling, which depends on the selected mechanism of stress-

induced dislocation bias anisotropy and, in some cases, on the lattice crystallography. For example, 

in a completely isotropic material we can use equation (2.23) to get 

 
0 0

0

2(2 )
( ),

30

i i v v

i v

Z p Z p
B

e e

 




   (2.85) 

which gives B0  0.05 for typical parameter values defined in section 3.2.1.2.1.  

On the other hand, when the effect of point defect polarization in saddle-points of diffusion 

jumps (see sect. 3.2.1.2.2) is considered, the crystalline lattice of the metal is cubic and the material 

is polycrystalline, one can use the bias factor expansion over stresses in the form of equation (2.26) 

and use the averaging over all possible grain orientations, thus getting  

 
(2) (3) (2) (3)

0

(1 ) 2 2
( ) ( ) .

45(1 2 ) 3 3

s s

i i i v v v

B

B e d d e d d
k T

 



  
      

 (2.86) 

Equation (2.83) reveals the advantages of irradiation creep rate definition according to (2.77). First 

of all, the creep rate thus defined is related to the stress-free swelling rate, which can be measured 
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much more easily than the swelling rate of a stressed material. Moreover, if the dislocation 

anisotropy during swelling is maintained only by SIPA-induced point defect partitioning between 

differently oriented dislocations (or dislocation loops) as suggested in [401,402], the degree of 

dislocation anisotropy is proportional to external stress. Consequently, the anisotropy of dislocation 

structure can in this case be neglected. 

The dependence of B on the normalized void radius rc can be converted to the dose dependence 

with the help of the relation following from (2.72) and (2.73): 

 2 3 44 1
4 ( ),

3 2
c c c inr r r Z        (2.87) 

where = c is the normalized dose, in is the incubation dose for void nucleation and  

 
3

2 2

( )
.

64
c

c

Z

ZN




 


 (2.88) 

At the typical values of   310
10

 cm
-2

 and Nc  10
15

 cm
-3

 one gets c 5 dpa.The predicted 

dependencies of the creep compliance and total material strain on irradiation dose are shown in Fig. 

3.9. It is seen that the SIPA-based mechanisms predict the reduction of irradiation creep due to 

swelling, which correlates to experimental observations of creep cessation at high irradiation 

doses [178,251,252,403]. 

 

Fig. 3.9. Dose dependence of the normalized creep compliance B/B0 (a) and the total strain (b) with (curve 1) 

and without (curve 2) account of the swelling rate enhancement by stress. The dashed line in (a) 

is the stress-free swelling rate, the dotted line in (b) - the swelling-free trend. (From [103]). 
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3.4.1.3. Alternative definition of the irradiation creep rate 

Let us consider what happens to the creep rate when the ‘usual’ definition (2.75) for creep strain 

rate is applied. Let us notice, first of all, that after simple transformations equation (2.83) can be 

reduced to the form, commonly used in experimental studies of irradiation creep - swelling 

coupling, i.e. 

 0
0 ,c dS

B B D
d

   (2.89) 

where the creep-swelling coupling factor D
c
 is 

 0 (1 ).
2

c

c

B
D r

Z
  


 (2.90) 

Note that the absolute value of the coupling factor thus defined does not exceed ~100, while the 

factor itself is negative. However, when the creep rate is defined using equation (2.75), the creep 

compliance looks like 

 20 0
0 1

1ˆ ,
3

c dS dSdS
B B D b

d d d



   

 
    

 
 (2.91) 

where dS/dis the actual (i.e. stress-affected) swelling rate. As compared to (2.89), equation (2.91) 

contains an additional contribution, which can differ from zero for at least two reasons, as described 

below. 

First of all, the swelling rate in the loaded material can differ from the stress-free one. At 

comparatively low stresses (100 MPa) the swelling is known to depend on stress as (cf. sect . 

2.1.3): 

 0 (1 ),sS S D



   (2.92) 

where D
S
 is a material constant. There can be several reasons for such effect, including the effect of 

stress on void number density and on the void growth. Indeed, external loading modifies dislocation 

biases and the equilibrium vacancy concentration in the bulk, affecting the swelling rate. For 

example, stress modification of dislocation biases due to the elastodiffusion mechanism leads to 

[103]: 

 .
6

s s
s i v

B

e e
D

Z k T









 (2.93) 



MatISSE – D2.41 – revision 1 issued on 29/04/2015 

 

75 

If D
S
 is time-independent and the dislocation structure is isotropic ( 2

1
ˆ 1/ 3b  ), equation (2.91) has 

the form 

 0
0 ,

3

s
c dSD

B B D
d

 
   

 
 (2.94) 

Equations (2.89) and (2.94) have the same functional form, but now the creep-swelling coupling 

factor includes a correction D
S
/3, which can be of the same order of magnitude as the 

experimentally observed values of ~10
4
. Fig. 3.8 shows that equation (2.94) predicts both the 

increase of creep compliance and the growth of the total strain with the irradiation dose after 

the onset of swelling. 

Another reason of creep acceleration by swelling, as predicted by eq. (2.91), can be related to 

anisotropy of dislocation structure, which, according to both experimental observations 

[170,250,384,404] and theoretical predictions [383,393,405,406], can result from SIPA-induced 

preferential growth of interstitial loops. A detailed investigation of the anisotropic dislocation 

structure kinetics and its contribution to creep-swelling coupling was undertaken in [401,402]. 

Strictly speaking, some of the assumptions used in these papers do not quite fit the experimental 

picture. For example, the enhanced growth of favourably oriented dislocation loops in the presence 

of voids is hardly probable, even assuming the continuous interstitial loop nucleation (e.g. in 

irradiation produced collision cascades [407,408]). Nonetheless, if for some reason the SIPA-

induced anisotropy of dislocation orientations arises at the steady-state swelling stage, additional 

contribution to irradiation creep modulus can be expected. 

Indeed, let us assume that the relative density of dislocations with the Burgers vector along the 

loading direction has the value f in excess of the otherwise isotropic dislocation density. Then, 

even when the swelling rate is not influenced by stress, eq. (2.91) provides an additional 

contribution to the creep modulus,  

 
2

.
3

g f dS
B

d 


   (2.95) 

The dislocation anisotropy factor f can reach values up to 0.8-0.9 [404] and at the usual stresses of 

the order of 100 MPa the contribution to the creep-swelling coupling factor is again of the same 

order of magnitude, as its experimentally observed value. Since the dislocation anisotropy is the 

direct result of dislocation structure evolution under the action of stresses, the contribution (2.95) 

cannot be eliminated by the swelling measurements on unloaded samples. Moreover, if only one 

component of strain tensor is measured, one cannot even check whether this systematic error is 
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present or not.  

 

Summing up, the way of total strain separation into contributions from the irradiation creep 

and swelling can crucially influence the correlation between these phenomena. When the 

irradiation creep rate is defined as the difference between the total strain rate and the stress-

modified swelling, the swelling results in decreasing of SIPA irradiation creep rate with the 

irradiation dose. On the contrary, when the stress-free value of swelling is subtracted from the 

total strain rate, the predicted correlation between creep and swelling is rather well described 

by equation (2.91) with the creep-swelling coupling factor of the same order as observed 

experimentally.  

3.4.2 The effect of voids on the "climb-controlled glide" mechanisms of irradiation creep  

As shown above, in the absence of voids the dominant mode of dislocation motion at the steady-

state creep stage is climb. Only at stresses close to the irradiation modified yield stress of the 

material can the contribution from climb-controlled glide play a noticeable role. The situation 

becomes more complicated, however, when voids appear in the material. 

On the one hand, the accumulation of vacancies in voids is accompanied by large currents of 

uncompensated interstitials to all dislocations, so that the relative role of stress-induced misbalance 

on interstitial redistribution between differently oriented dislocations becomes less pronounced and 

the decrease of SIPA-type contributions to irradiation creep is expected [103,406,409]. However, 

the absolute values of dislocation climb velocities increase, promoting climb-controlled glide. 

Correspondingly, it is a long-lasting tradition to ascribe irradiation creep acceleration by swelling to 

the action of CCG creep mechanism [233,234,238,359,410].  

Indeed, when the point defect concentrations are defined by eq. (2.73), the absolute value of 

dislocation climb rate is expressed in terms of the swelling rate dS/dt simply as 

 
1

,c

dS
V

b dt
  (2.96) 

where we neglected the dislocation bias dependence on dislocation orientation, which is responsible 

for SIPA creep. Correspondingly, the irradiation creep due to CCG mechanism is 

 
1 ˆ ˆ( ) ,
2

gI

kl k l l k

L dS
b n n b

h dt
    (2.97) 
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In contrast to dislocation climb, in the case of the climb-controlled glide it is not necessary to 

subtract contributions from swelling from the creep strain rate, since dislocation glide is, by 

definition, volume conservative. 

The most striking feature of this relation is that the stress dependence of the creep rate is completely 

determined by the glide factor. Very often [233,234,238,359,410] a linear stress dependence of the 

glide factor is postulated and the resulting swelling contribution is reduced to the standard form. 

However, as discussed in sect. 3.2.2.1.4, quite different stress dependencies of the glide factor can 

be expected. In particular, glide stopping by impurity atoms involves no stress dependence of the 

glide factor at all, so that a complete independence of the CCG creep rate on stress can be expected.  

On the other hand, the increase of the dislocation mobility is not the only effect of voids on CCG 

and is counterbalanced by the void blocking of dislocation glide. Indeed, the efficiency of 

dislocation pinning by voids increases with the increase of the average void size and at a 

certain swelling level the voids become the principal obstacle set for gliding dislocations. In 

this situation dislocation segments terminate on voids [251,253] and cannot be detached by glide 

because the voids are very strong obstacles to dislocation motion. The climb of pinned dislocation 

segments is also largely reduced due to pipe diffusion of point defects to voids along dislocations 

and the unpinning of dislocation from voids is expected to be practically suppressed when the 

swelling reaches ~ 30% [411]. Therefore, the acceleration of irradiation creep thanks to climb-

controlled dislocation glide is no more than transient and should be eventually suppressed as 

the swelling proceeds. It is no wonder, therefore, that the irradiation creep cessation at high 

swelling levels is observed. 



MatISSE – D2.41 – revision 1 issued on 29/04/2015 

 

78 

Conclusions 

The safe operation of nuclear reactors requires dimensional stability of their structural and 

functional materials operating in heavy radiation environment. The radiation resistance of these 

materials is limited by such physical phenomena as radiation swelling, irradiation creep, radiation 

embrittlement, etc. All these phenomena are caused by the production of primary radiation damage 

by external irradiation with fast particles, which in turn promotes the transformation of material 

microstructure, including nucleation and growth of defect clusters in the form of voids, gas bubbles 

and dislocation loops. 

This review addresses one of the important mechanical effects intensified by irradiation, namely 

irradation creep. It summarizes the main observed trends of irradiation creep reported in the 

literature and suggests the ways of their rationalization based on the available theoretical models. In 

particular, the influence of experimental conditions on parametric dependencies of irradiation creep 

are discussed and correlated to the underlying microstructual evolution. The analysis of 

experimental data accumulated by now allows confident correlation of the dislocation structure 

evolution in irradiated materials with various stages of irradiation creep, thus providing a reliable 

basis for analytical description of this complicated phenomenon. 

The existing theoretical models of irradiation creep are reviewed and their ability to reproduce the 

dose, stress and temperature dependencies of irradiation creep are critically assessed. It is 

demonstrated that theoretical models are able to give reasonable description of irradiation creep in a 

broad range of irradiation doses, external stresses and test temperatures, both qualitatively and often 

even quantitatively. 

The knowledge of the main features of irradiation creep and the microscopic reasons responsible for 

that or other mode of material response to the combined effect of irradiation and loading is useful 

not only for the qualitative predictions of irradiated material performance in nuclear facilities, but 

for the justified interpolation of simulation experiment results to in-reactor operational conditions. 
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Annex I: Irradiation creep behavior of ODS steels 

Jiachao Chen, PSI 

Irradiation creep studies, due to their high technical and financial cost, were mostly limited to 

candidate structural steels. Investigation on ODS steels only took off when these materials came 

into the scope for application in advanced nuclear devices due to their excellent high temperature 

strength, low irradiation-induced swelling and potential resistance to helium embrittlement. Here a 

summary will be drawn based on limited results available in the literature [1-6]. 

1. Parametric dependence of irradiation creep compliance 

The study of the parametric dependence of irradiation creep on materials (lattice structures and 

compositions), damage spectrum (K, T1/2, He et al.), and loading states (T, ), is essential for both 

engineering application and basic understanding. The most common experimental method of 

irradiation creep study are “pressurized tubes” in reactor experiments [7] and uniaxial loading in 

accelerator experiments [8]. The former is closer to real service condition of reactor components. 

But the latter offers the possibility to perform experiments under well-defined conditions which will 

simplify the data analysis. The following summary is mainly based on the results from accelerator 

experiment.  However, a comparison to reactor experiment will be mentioned. 
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Fig 1: Creep strain of 14Cr ODS steels during He-implantation at 300°C as a function of displacement dose at 

different stresses. 
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Irradiation creep is observed at temperatures far below the typical thermal creep regime. In most 

cases irradiation-creep strain rate  is proportional to irradiation displacement damage rate K and to 

stress  (at least at low to intermediate applied stresses), i.e.:  

KB                         (1) 

The irradiation creep compliance B, i.e. creep rate per unit dose rate and stress, can be written in the 

form SDBB  0 , where 0B
 
is the compliance without swelling, D is the creep-swelling coupling 

coefficient, and S  is the instantaneous volumetric swelling rate per dpa. Ferritic/martensitic steels 

under neutron irradiation showed negligible swelling up to doses in the 20 dpa range. 

The linear strain 
0

)(
l

l
  during implantation was measured as a function of displacement dose 

under uniaxial applied stresses. As an example, Fig. 1 shows a typical strain-displacement dose 

curve of 14Cr-ODS steel during implantation at 300°C. According to the results from PM2000 [1], 

it is fair to assume that thermal creep is negligible at 300°C. Each stress change caused, aside from 

elastic strain, also a short transient stage before stationary creep was reached. Those transient strains 

are similar to observations in other ODS steels [1-4]. They are ascribed to irradiation-induced 

relaxation. It is worth to notice that in all steels a contraction of the specimen against the applied 

tensile stress occurred at the beginning of irradiation when the applied stress was reduced (e.g. from 

300 to 100 MPa), but already after a dose of less than 0.03 dpa, creep proceeds again in the stress 

direction.  
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Fig 2:  Irradiation creep rates per displacement rates of 12Cr ODS, 14Cr ODS, 19Cr and PM2000 steels as a 

function of tensile stress under He-implantation at 300°C. Linear fits give irradiation creep compliances.  



MatISSE – D2.41 – revision 1 issued on 29/04/2015 

 

93 

Irradiation induced strain rates 
K





 , i.e. strain-rate/damage-dose-rate ( in unit of dpa

-1
) were 

obtained by fitting straight lines to the stationary parts of the curves in Fig. 1. These values were 

further plotted against applied stress. Here an example is given in Fig. 2 for the 4 ODS steels. The 

  versus   data can be fitted by a linear stress dependence at least up to 300 MPa (solid line): 

 

             0)( B                 (2) 

This behaviour is similar to pure metals [9], nickel-based alloys and austenitic stainless steels [10].  

  

 

The measured irradiation creep compliances B0 for the investigated materials are summarized in 

Table 1. The results reveal that size and distribution of dispersoids have no significant 

influence on irradiation creep behaviour of ODS steels. It might thus be inferred that 

irradiation creep is a pure matrix phenomenon.  

Table 1: Result on irradiation creep  

materials 
grain size 

(m)3 

ODS particle 
size (nm) 

ODS particle 
density(m-3) 

0.2 at 300°C 

(MPa) 

creep compliance 

(10-6dpa-1MPa-1) 

offset 0   

(10-3 dpa-1) 

12Cr ODS 1.3x1.3x8.0 2.2 1.6x1023 992 4.0 1.2 

14Cr ODS 0.5x0.5x2 4.8 4.5x1022 1087 10. 0.72 

19Cr ODS 0.2x0.2x0.7 2.1 1.2x1024 965 4.0 1.5 
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Fig 3: Temperature dependence of creep rates of PM2000 without irradiation (solid line), under He-

implantation (dash-dotted), and expected for VHTR conditions (dashed line). 
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The temperature-dependence of creep strain rates with and without He-implantation [11] is 

given in Fig.3. The thermal creep data are from standard bulk specimens [11]. The effect of 

miniature size of the present specimens on creep cannot be precisely assessed, as literature on this 

topic is contradictory [12, 13]. Expected creep rates under conditions close to those encountered in 

future very high temperature reactors (VHTR) are included. The present data show that the 

irradiation creep rate of PM2000 is the same for 573 K and for 673 K. Extrapolation of irradiation 

data at 80 MPa and 3x10
-8

 dpa/s match the thermal creep line at about 760 K. From the results, B0 is 

almost independent of temperature and becomes dominant in comparison to thermal creep at 

temperatures below about 800 K in PM2000 [1] for dose rates typical of fast reactors. According to 

earlier experimental findings [14] and theoretical understanding [15, 16], irradiation creep 

dominates at low temperatures when the thermal vacancy concentration is negligible. Only a minor 

temperature dependence is expected in this area. When thermal creep dominates at high 

temperatures, irradiation will have no major influence on creep rates [14] except possibly via 

irradiation induced microstructural or compositional changes.  

The irradiation creep data from the He-bombardments [1-4], and from previous proton [17] and 

neutron irradiations [18-20] of ferritic/martensitic and ODS steels are summarized in Fig. 4. Strains 

and stresses of pressurized tubes in reactor experiments are effective values obtained by the 

Soederberg formalism. The comparison shows that the compliances from neutron irradiations 

are by almost one order of magnitude lower than that from light ions. This difference is 

ascribed to three contributions: 

1) Light ions (and electrons) produce defects with a much softer recoil spectrum than fast 

neutrons (and heavy ions). Experiments on defect production showed that the NRT 

model, commonly used to calculate damage rates in reactor experiments overestimate the 

efficiency of defect production at high recoil energies by about a factor of three [15], thus 

giving compliances which are too low by this factor. 

2) Various creep experiments in reactors show that creep rates are decreasing by factors in 

the order of 2 even above 5 dpa (typically the lowest dose investigated in reactor 

experiments) [18, 19]. This means that the present light ion creep strains (at doses far 

below 1 dpa), though apparently linear in dose, may still be not completely stationary. 

3) All neutron data in Fig. 4 are obtained from pressurized tubes, i.e. from triaxially stressed 

samples, in contrast to the uniaxially stress state in the light ion irradiations. In spite of 

the meagre data base on uniaxial in-pile experiments, there are some indications that 
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irradiation creep rates in pressurised tubes may be slightly lower than under uniaxial 

loading [21, 22]. 

 

 

2. Irradiation creep models versus experimental evidence 

 

A variety of models for irradiation creep has been proposed, for extensive reviews see the 

theoretical parts of this report. But up to now it was not possible to unambiguously identify the 

underlying mechanism. Various criteria may be taken into consideration to discriminate between 

these models: 

1) Effect of irradiation particle and/or energy: For example the above result, showing that 

irradiation creep compliances under light ion irradiation are higher or - after the above corrections - 

at least equal to those under fast neutron irradiation, contradicts models which emphasize effects of 

cascades or inhomogeneity (in space or time) of defect production.  

2) Dependence on experimental parameters (dose, dose rate, stress, temperature, etc.): 

Unfortunately many models predict similar parametrical dependencies, e.g. linear dependence of 

 

Fig.4: Comparison of irradiation creep compliances B0 as a function of irradiation temperature T. Big, 

black and gray filled symbols indicate light ion irradiations before and after damage efficiency correction, 

respectively: He-implanted ODS PM2000 (,) and 19Cr-ODS (▲,▲), p-irradiated ODS Ni-20Cr-

1ThO2 (,), p-irradiated martensitic DIN1.4914 (,). Small symbols indicate neutron irradiations to 

doses below 25 dpa (filled symbols) and above 25 dpa (empty symbols): ODS MA957 (▾,▿), HT9 (▪,▫), 

HT9 (), F82H (▵), Fe-16Cr ().  
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strain on dose (at least after some initial transient), of strain rate on dose rate and stress, and weak 

increase with temperature (at least up to temperatures where thermal creep contributes). 

3) Parameter transients: Intentional parameter changes are difficult to perform in reactor 

irradiations. On the other hand, so far very limited results are reported from light ion experiments. 

Dose rate and temperature transients apparently have a negligible effect on creep compliance [23], 

again ruling out models based on inhomogeneity of defect production. Also the small initial 

transient of irradiation creep indicates that glide processes give no major contribution. On the other 

hand, the fast response of creep rate on stress changes strongly contradicts models based on stress 

induced preferential nucleation (SIPN) of dislocation loops. 

4) Material composition, including precipitates and dispersed particles: There is a clear 

tendency of reduction of irradiation creep compliance with increasing content of minor elements in 

steels. But this effect is much less under irradiation compared to thermal creep. In total the overall 

dependence on material (for pure metals see ref.[24]), composition, alloying and precipitation or 

segregation is relatively weak. 

5) Effect of microstructure: Ferritic/martensitic steels apparently show systematically lower 

creep compliances than austenitic, but the difference in irradiation creep seems to be smaller than 

for example in swelling. Also the effect of dislocation density on creep rate is rather weak, as well 

as the effect of spatial homogeneity of dislocation structure [25]. Vice versa the dependence on 

stress of the microstructural record after irradiation also allows discrimination between different 

mechanisms, as will be shown in the next section.  

 

3. Impact of microstructural findings on irradiation creep models 

The most discussed irradiation creep models are based on preferential interaction of interstitials 

with those dislocations which are favourably oriented with respect to the external stress. All of these 

models predict an imprint of irradiation creep on the microstructure.  

 

A detailed study on dislocation structure was performed in PM2000 [2], where the evolution of 

dislocation loops was analysed by transmission electron microscopy. To identify the effect of stress, 

the Burgers vectors and habit planes of the dislocation loops were determined for the specimens at 

various temperatures by systematically tilting the specimens to several low-index orientations of the 

bcc lattice, such as [001], [ 1 11] and especially [011]. All loops are approximately circular. Two set 

of pure edge loops of type <100>(100), and type ½<111>(111) were identified. By using ±g 
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technique, both sets of loops produced by He-implantation under uniaxial tensile stresses at 

different temperatures are observed to be of interstitial type.  

 

In PM2000, implanted at 573 K to 0.75 dpa, ½<111> loops are dominant, with an average 

diameter of 3.6 ±1 nm and an apparent number density of 2.4x10
23

 /m
3
, only few <100> loops of 

5.5±1.1 nm in diameter can be observed. At 673 K (0.74 dpa), the average diameter of the ½<111> 

loops increased to 69 nm, while that of the <100> loops increased to 44 nm and their number 

density was higher. At 773 K (0.46 dpa), sizes of <111> and <100> loop reach 34 nm and 28 nm, 

respectively. At that temperature, some loops start to glide and climb to form dislocation fragments. 

The most important result was, however, that the loops showed no correlation in terms of 

orientation or geometry with the direction of applied stress, as illustrated in Fig. 5. The 

characteristics (habit planes, diameters, number densities) of the observed loop families at the three 

temperatures are summarized in Table 3, together with their orientation with respect to the applied 

external stress direction.  

 

Table 3: Diameters and densities of interstitial dislocation loops and their orientation with respect 

to external stress in PM2000 after He-bombardment. The errors of the diameter and density give 

standard deviation. The errors of the angle give the precision of applied stress direction. 

T(K) loop 

family 

habit plane diameter d 

(nm) 

density N (m
-

3
) 

angle (b, ) 

 

Fig. 5: Bright-field TEM images taken from z=[011] under 2-beam dynamical conditions for a PM2000 

specimen implanted at 673 K. The g-vector is shown as black arrow. The (1 1  1) and (11 1  ) planes are 

indicated by thin lines. The direction of applied stress is indicated by the white arrow. Note the equal 

distribution of loop sizes and of loop densities in the image. 
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The finding that neither the size nor the density of the irradiation-induced dislocation loops 

shows any dependence on the direction of the applied stress is at variance with the predictions of 

the most prominent irradiation creep models, based on stress-induced preferential absorption of 

interstitial loops (SIPA) or stress-induced preferential nucleation (SIPN). While SIPN should show 

up in an anisotropic distribution of loop densities, SIPA should produce an anisotropy of loops 

sizes. A similar study on TiAl [26] yielded irradiation creep rates of the same order of magnitude as 

in PM2000, while no dislocations and only a meagre population of  black-dots or loops were 

detectable by TEM in the TiAl alloy. 

 

4. Conclusions  

 

1. Irradiation creep rates of ODS ferritic steels show linear stress dependence at temperature 

from 300 to 500°C.  

 

2. Irradiation compliance is constant at and below 400°C and increases slowly at 500°C. 

  

3. Irradiation creep is insensitive to material structures (lattice, grain size, ODS particles, 

dislocation densities et. al.). 

 

4. There exist no significant effects of bombarding particles (He and H) on irradiation creep. 

 

5. In a ferritic ODS steel (bcc lattice) implanted with helium, two sets of loops were 

completely identified, having Burgers vectors of ½<111> and <100>, and habit planes of 

{111} and {100}, respectively. Both types of loops are interstitial in nature. 

 

6. No differences in size and number density of loops with different orientations relative to the 

applied stress could be found. This contradicts predictions made by models such as SIPA 

and SIPN and calls for additional experimental and theoretical studies to eventually modify 

or replace existing irradiation creep models. 
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Annex II: Irradiation creep behavior of ferritic and martensitic steels 

Maxime Sauzay, DEN-DMN-SRMA, CEA Saclay 

 

During the last two decades, several studies of the irradiation creep properties of ferritic and 

martensitic steels have been reported in literature. These materials are used in components of 

nuclear power plants and are candidates for some applications concerning the next generation of 

power plants. Their properties are compared to the ones of FCC metals and alloys as well as ODS 

steels based on the previous appendix. Finally, the different irradiation creep mechanisms proposed 

in literature are discussed in the light of the macroscopic and microscopic observations. A model 

close to the SIPAG, where G stands for glide, in agreement with the most recent observations, is 

proposed for being developed in the framework of the MOIRA project. 

 

1. Parametric dependence of irradiation creep compliance 

As for other materials, tubes under internal pressure are used for the experiments. The hoop strain 

measured without pressure is usually substracted from the one measured under pressure. This 

allows a crude correction of the swelling effect if active. Von Misès equivalent viscoplastic strain 

and stress are used in the plots. In some of the experiments described below (thin plate specimen 

loaded in situ), very thin specimens are used which may lead to surface effects introducing some 

possible bias. 

Neutron, proton or He are used in the irradiations. The flux is usually about a few 10
-6

 dpa/s. It 

should be noticed that the irradiation dose is sometimes too low to allow the saturated strain rate to 

be reached (stationary creep stage) which introduces another possible bias in some of the 

comparisons. 

 

2. Stage I or non stationary stage 

For all the considered martensitic and ferritic steels, a non-stationary stage is first observed before 

strain rate reaches its minimum, if the applied irradiation dose is high enough. 

This holds for all the considered martensitic steels or ferritic steels [Figs. 1-3]. 
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Fig. 1: In-situ irradiation creep experiment, thin sample, grade 91 steel (tempered ferritic 

martensitic steel) [Xu and Was, 2013]. 

 

 

Fig. 2: Strain evolution with irradiation dose, measured for various stress and ferritic / martensitic 

steels. Materials : MA957 (ODS ferritic steel) and HT9 (martensitic steel). Temperature range: 400-

600°C [Toloczko et al., 2012]. 
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Fig. 3: Strain evolution with time, during a test including change in irradiation dose and stress 

magnitude. Martensitic steel: DIN 1.4914 [Jung and Afify, 1988]. 

 

3. Stationary creep stage 

Provided the irradiation dose reaches at least ten dpa, the minimum creep strain rate is reached and 

the creep deformation becomes saturated. This means that the measured creep strain increases 

linearly with the irradiation dose. Then, the effect of stress and temperature can be studied. 

As observed for many other metals and alloys, such as FCC ones, the stationary creep strain rate is 

proportional to the applied stress (Fig. 4). 

In the following, the well-known expression of stationary creep strain rate is adopted (Eq. 1), using 

the creep compliance, B0, which is a material and temperature dependent parameter (unit/ 10
-6

 MPa
-

1
 dpa

-1
). Table 1 sums up the results of the measurements of the recent studies concerning ferritic 

and martensitic steels. 

Table 1 shows that the order of magnitude of the compliance is the same in all the ferritic and 

martensitic steels. Therefore, the microstructure features are generally not significant. The 

addition of Y2O3 / ODS particles has minor effects as well. 
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Fig. 4: influence of the effective stress on the effective stationary creep strain rate. Various 

temperatures have been applied (from 400°C up to 750°C). ODS ferritic steel MA957 [Toloczko et 

al., 2012]. 

 

Material B0 (unit/ 10
-6

 MPa
-1

 dpa
-1

) Authors 

HT9 (ferritic martensitic 

steel) 

0.95 [Toloczko et al., 1998] 

D57 (dispersion hardened 

ferritic steem) 

0.4-0.6 [Toloczko et al., 1998] 

MA957 (ODS ferritic steel) 0.25-0.6 [Toloczko et al., 1998] 

11Cr (ferritic-martensitic 

steel) 

0.5-0.75 [Uehira et al., 2000] 

T91 (ferritic martensitic 

steel) 

3-7 (the stationary creep 

deformation regime is not 

reached and surface effects 

may have introduced a bias) 

 

JLF (ferritic steel), 410-

430°C 

~0.7 [Koyama et al., 1994] 

F82H (ferritic steel), 410-

430°C 

~0.7 [Koyama et al., 1994] 

 

Table 1: summary of the measured creep compliance values for various BCC steels. Temperature 

and irradiation conditions are given in the mentioned references. 
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In the temperature range 400-550°C, it varies only slightly with temperature (Figs. 5 and 6). A 

similar observation has been made on ODS steel (see this report). But at higher temperature, an 

increase is observed. At high irradiation dose (36 / 60 dpa) and high temperature (460 and 520°C), a 

non linear dependence of strain with respect to stress is reported by Koyama et al. even if the 

dependence is linear at 410-430°C. 

 

Fig. 5: effect of temperature on the measured value of the compliance, B0. Materials : HT9 (ferritic 

martensitic steel) and MA957 (ODS ferritic steel). 

 

 

Fig. 6: effect of temperature on the measured value of the compliance (defined differently from the 

linear equation). Materials : F82H (ferritic steel) and JLF-1 (ferritic steel) [Koyama et al., 1994]. 

 

It should be noticed that the effect of the chemical content of Cr is almost negligible as shown by 

the study of Koyama et al. on a ferritic steel, provided it varies between 7 and 12%. But a very low 
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content of 2% leads to a much lower creep compliance value at 773K [Koyama et al., 1994]. In this 

case, the corresponding microstructure is bainitic. 

Therefore, provided the stationary creep deformation regime is reached, the creep compliance 

depends only slightly on temperature and Cr content. The measured value of the compliance is 

rather weakly dependent on the microstructure (ferritic grains or tempered martensitic-ferritic 

microstructure). 

 

4. Comparison of the irradiation creep of various materials 

Non stationary creep stage has been sometimes reported for austenitic stainless steels [Gilbert et al., 

1972]. It is more easily observed at high temperature. It is observed in ODS steels as well (see this 

report). 

As shown in this report, the creep compliance of ODS steels is only slightly dependent on 

temperature. This has been shown earlier for austenitic stainless steels. This is a generic property of 

irradiation creep, provided temperature is lower than about 500°C. 

The creep compliance of ferritic and ferritic-martensitic steels is about three times lower than 

the compliance measured in austenitic stainless steels. Nevertheless, the order of magnitude is 

the same. 

 

5. Irradiation creep versus thermal creep 

During stage I, experiments show that the ferritic and martensitic steels deform more quickly under 

irradiation creep than thermal creep [Xu and Was, 2013; Toloczko et al., 2004]. The considered 

temperatures are 500 and 600°C. The mechanical tests carried out by applying change in dose rate 

and stress magnitude show clearly that irradiation creep strain rates are much higher than 

thermal creep ones (Fig. 3). 

During stationary stage, the irradiation creep strain rate is higher than the thermal one, provided the 

stress magnitude is not too high (Fig. 7). 

These comparisons are in agreement with the ones shown by Chen et al. concerning ODS steels 

which deform much faster during irradiation creep than thermal creep under the doses and 

temperatures of interest. 
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Fig. 7: minimum creep strain rates measured under either irradiation creep (red curve, 

irradiation flux: 10
-6

 dpa/s) or thermal creep (blue curve) at 450°C. Dependence with respect to 

stress. Martensitic steel: DIN 1.4914 [Jung and Afify, 1988]. 

 

6. Irradiation creep mechanisms 

From the macroscopic point of view, the application of the SIPN model leads to predicted 

values of creep strain rates which are lower than the experimental ones. The application of the 

SIPA model leads to overestimations [Garnier, 2007], even if refined cluster dynamics 

computations are carried out [Jourdan, 2014]. 

From the point of view of the irradiation microstructure, the TEM observations of Chen et al. 

carried out on an ODS steel allow him to provide the following conclusions: 

- No preferential orientation of the loops is observed, which is in contradiction with the SIPN 

hypothesis; 

- No size dependence of the loops with respect to the tensile axis is observed, in contradiction 

with the SIPA model.  
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It should be noticed that similar observations have been reported in literature concerning 

austenitic stainless steels [Garnier, 2007] and TiAl, even if the same early observations support 

the SIPN hypothesis. 

All these observations show that neither the SIPN model nor the SIPA model predictions agree 

with experimental observations at macroscopic or microscopic scales. 

TEM observations show clearly that the density of free dislocations segments is rather high 

during an irradiation creep tests carried out on: 

- The ferritic martensitic steel, grade 91 at 500°C (Fig.8); 

- The ODS steel observed by Chen et al. at 500°C; 

- The austenitic stainless steel observed in [Garnier, 2007]. 

These free dislocations should be taken into account in the modelling of the deformation 

mechanisms occurring during irradiation creep. As proposed by the SIPAG model, the plastic 

deformation should be at least partially carried out by the glide of these free dislocations 

between two obstacles, e.g. irradiation loops. The waiting time at each obstacle may be 

computed using the dislocation climb expression and the obstacle height. Such modeling will be 

carried out during the MOIRA project by coupling cluster dynamics and crystal plasticity. 

The observations of Chen and co-authors concerning the effect of ODS particles on irradiation 

creep deformation should nevertheless be discussed with respect to the interest of the SIPAG 

modeling. It was clearly shown that neither the ODS particle size or its density affect irradiation 

creep strain rate. If ODS particles are obstacles which should be taken into account in the 

SIPAG modeling, these observations seem to invalidate it. As a matter of fact, the combination 

of climb and glide between two obstacles leads to the well-known modified Orowan equation: 

              

     

     
  

With ρ the density of (mixed and edge) free dislocation segments, vclimb the climb velocity, and 

b the length of the Bürgers vector. The obstacle characteristic lengths are its average height, 

hobst, and its average interspacing Lobst. In an ODS steel subjected to irradiation creep, which 

obstacles are the most influent: the ODS particles or the irradiation loops? Following the 

modified Orowan equation, the creep slip rate is more affected by the population of 

obstacles with the lowest Lobst/hobst ratio. This is why, we compare in the following the 

characteristic obstacle ratio between the two populations: ODS particles versus irradiation 

loops. We use the data measured by Chen et al. for different ODS steels including both size and 

density for both ODS particles and irradiation loops [Chen et al., 2009 and 2013]. 
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Fig. 8: TEM bright field image of samples following irradiation creep at 500°C, 80MPa to 0.12dpa. 

(a) as-received T91, (b) dislocation loops, (c) dislocation pile-up and (d) subgrain boundary 

(denoted with dashed lines) [Xu and Was, 2013]. 

 

Table 2 shows clearly that whatever the irradiation temperature, the characteristic obstacle length 

ratio is much lower for irradiation loops than ODS particles. The ratio which affects strongly the 

irradiation creep rate is at least ten times lower for irradiation loops than for ODS particles.  

These conclusions hold for a particular ODS steel, PM2000, tested at various temperatures. What 

about the other ODS steels? Table 3 summarizes the obstacle lengths and ratio measured by Chen 

and co-workers for oxide particles in four different ODS steels. The obstacle ratios are generally 

lower than the one measured in the ODS steel PM2000. Nevertheless, the obstacle ratio of all ODS 

steels is generally higher than the one computed for each populations of the two or three kinds of 

irradiation loops considered in Table 2. A more rigorous computation taking into account the two or 
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three populations of irradiation loops observed at each temperature would confirm that generally, 

irradiation loops are more influent than ODS particles. 

Therefore, the conclusions of Chen and co-authors about the low effect of ODS particle features on 

irradiation creep are not in contradiction with the SIPAG modeling because irradiation loops seem 

to affect more  strongly irradiation creep mechanisms and rate than ODS particle do. 

 

T (°C) hobst (nm) 

oxide 

Lobst (nm) 

oxide 

Lobst/hobst 

oxide 

hobst (nm) 

loop 

Lobst (nm) 

loop 

Lobst/hobst 

loop 

300 2.8 144.5 44.5 3.6 

70. 

12.7 

112.1 

3.5 

1.6 

400 2.8 144.5 44.5 67. 

68. 

44. 

114.3 

71.2 

128. 

1.7 

1. 

2.9 

500 2.8 144.5 44.5 34. 

28. 

141.2 

160.1 

4.2 

5.7 

 

Table 2: size, interspacing and characteristic obstacle length ratio calculated for either ODS 

particles or irradiation loops. Several kinds of irradiation loops are considered at each temperature. 

Materials: PM2000 ODS steel. TEM data [Cheng et al., 2009]. 

 

ODS 

steel 

hobst (nm) 

oxide 

Lobst 

oxide 

Lobst/hobst 

oxide 

12Cr 2.2 18.4 8.3 

14Cr 4.8 28. 5.8 

19Cr 2.1 9.4 4.5 

PM2000 2.8 144.5 44.5 

 

Table 3: size, interspacing and characteristic obstacle length ratio calculated for ODS particles in 

various ODS steels. TEM data [Chen et al., 2013]. 
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7. Conclusions  

 Irradiation creep rates of ferritic and ferritic martensitic steels show linear stress dependence 

at temperatures from 300 to 500°C.  

 

 Irradiation compliance is constant at and below 500°C and increases at higher temperature. 

 

 Irradiation creep is only slightly sensitive to material microstructures (grain size, low-angles 

boundaries, dislocation densities, precipitates and particles). The measured compliances are 

about three times lower than the ones measured in austenitic stainless steels. 

 

 Non stationary creep is observed in most of the ferritic and martensitic steels. 

 

 In the considered ranges of temperature and stress and for the irradiation flux usually 

applied, irradiation creep leads to much faster deformation than thermal creep does 

 

 Many macroscopic and microscopic observations are in contradiction with the SIPN and 

SIPA modeling. Non neglible densities of free dislocations segments are observed at 500°C 

in different steels. These dislocations may glide between obstacles and pass than by 

climbing. This corresponds to the SIPAG hypothesis. The low effect of ODS particle size 

and interspacing on irradiation creep strain rates do not contradict the SIPAG modeling 

because the comparison with the mean size and interspacing of irradiation loops show that 

these ones should affect more irradiation creep strain rates than ODS particles do. 

 

References 

[Xu and Was, 2013] C. Xu, G. S. Was, Journal of Nuclear Materials 441 (2013) 681. 

[Toloczko et al., 2004] M. B. Toloczko, D. S. Gelles, F. A. Garner, R. J. Kurtz, K. Abe, Journal of 

Nuclear Materials 329-333 (2004) 352.  

[Toloczko et al., 1998] M. B. Toloczko, F. A. Garner, C. R. Eiholzer, Journal of Nuclear Materials 

258-263 (1998) 1163. 

[Uehira et al., 2000] A. Uehira, S. Mizuta, S. Ukai, R.J. Puigh, Journal of Nuclear Materials 283-

287 (2000) 396. 

[Koyama et al., 1994] A. Koyama, Y. Kohno, K. Asakura, M. Yoshino, C. Namba, C. R. Eiholzer, 

Journal of Nuclear Materials 212-215 (1994) 751. 

[Jung and Afify, 1988] P. Jung and N.M. Afify, J. Nucl. Mater. 155-157 (1988) 1019. 

[Gilbert et al., 1972] E.R. Gilbert, D.C. Kaulitz, J.J. Holomes and T.T. Claudson, in Proc.Conf. on 

Irrad. embrittlement and creep in fuel cladding and core components, London, BNES (1972) 239. 

[Garnier, 2007] J. Garnier, PhD thesis, Université de Grenoble (INPG) and CEA Saclay (2007). 

[Jourdan, 2014] Th. Jourdan, private communication, 2014. 

[Chen et al., 2009]  Journal of Nuclear Materials 392 (2009) 360. 

[Chen et al., 2013] Journal of Nuclear Materials 437 (2013) 432. 


